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Executive summary 

Tempered� martensite� ferritic� steels� are� used� for� critical� components� in� fossil� fired�

power�plants�that�operate�in�the�creep�range.�The�materials�contain�a�high�density�of�

dislocations�and�precipitates�form�on�all�types�of�internal� interfaces,�the�majority�of�

which�represent�subgrain�boundaries.�Most�previous�studies�suffer�from�either�only�

relating�to�short�term�creep�experiments�or�from�being�incomplete�in�not�considering�

all� relevant� elements� of� the� microstructure.� No� systematic� effort� was� made� to�

investigate�the�evolution�of�microstructures�under�conditions�of� long�term�creep.�In�

the� present� study� the� evolution� of� the� microstructure� of� a� 12%� Cr� tempered�

martensite� ferritic� steel� was� investigated� under� conditions� of� long�term� aging� and�

creep.� Transmission� electron� microscopy� (TEM)� and� electron� back�scattered�

diffraction� (EBSD)� techniques� were� used� to� characterize� materials� from� interrupted�

creep�tests�(0.5%,�1%,�1.6%�and�rupture�at�11.9%;�creep�conditions:�550°C,�120�MPa,�

rupture� time:� 139� 971� h).� It� is� shown� that� subgrains� coarsen,� that� the� close�

correlation� between� carbides� and� subgrain� boundaries� loosens� during� long�term�

creep,� and� that� the� frequency� of� small� angle� boundaries� increases.� In� addition,� the�

evolution�of�dislocation�densities�during�long�term�aging�and�creep�was�studied�using�

high� angle� annular� dark� field� (HAADF)� scanning� transmission� electron� microscopy�

(STEM).� During� aging� the� dislocation� density� remains� constant,� while� during� long�

term� creep� the� dislocation� density� continuously� decreases.� All� these� elementary�

deformation�processes�have�already�been�discussed�in�short�term�creep�studies.�The�

present� study� shows� that� they� also� govern� long�term� creep,� however,� during� long�

term� creep,� precipitation� and� coarsening� reactions� occur� which� are� not� observed�

during�short�term�creep.�Cr�rich�M23C6,�VX�carbides�and�Laves�phase�were�identified�

as� the� major� precipitates� in� the� microstructure� of� the� 12%� Chromium� tempered�

martensite� ferritic� steel.� Their� chemical� compositions,� sizes,� volume� fractions� and�

number� densities� were� evaluated� in� all� interrupted� specimens.� M23C6� particles�

coarsen�and�establish�their�equilibrium�concentration�after�51072�hours.�VX�particles�

are� stable.� The� Laves� phase� particles� do� not� reach� thermodynamic� equilibrium� as�

they�form�and�grow�during� long�term�creep.�This� is�due�to�Silicon�which� is�found� in�

the�Laves�phase�particles�and�which�diffuses�slowly�in�the�steel�matrix.�

�





�

i�
�

Table�of�content�

1.� Introduction�...................................................................................................�1�

2.� State�of�the�art�..............................................................................................�5�

2.1.� Applications�............................................................................................�5�

2.2.� 9�12%�Cr�steels�.......................................................................................�6�

2.3.� Metallurgy�..............................................................................................�7�

2.4.� Precipitates�...........................................................................................11�

2.5.� Creep�fundamentals�.............................................................................17�

2.6.� Strengthening�mechanisms�..................................................................22�

3.� Materials�and�methods�...............................................................................24�

3.1.� Materials�...............................................................................................24�

3.2.� Heat�treatment�.....................................................................................25�

3.3.� Creep�testing�.........................................................................................26�

3.4.� Optical�metallography�and�hardness�....................................................27�

3.5.� Scanning�electron�microscopy�..............................................................27�

3.6.� Transmission�electron�microscopy�.......................................................30�

4.� Results�.........................................................................................................34�

4.1.� Creep�data�............................................................................................34�

4.2.� Creep�cavities�and�inclusions�................................................................36�

4.3.� Evolution�of�hardness�...........................................................................40�

4.4.� Evolution�of�subgrain�............................................................................41�

4.5.� Evolution�of�misorientation�..................................................................44�

4.6.� Evolution�of�dislocations�density�..........................................................49�

4.7.� Identification�of�precipitates�................................................................53�

4.8.� Evolution�of�precipitate�parameters�.....................................................57�

4.9.� Chemical�evolution�of�precipitates�.......................................................62�

5.� Discussion�....................................................................................................65�

5.1.� Creep�data�............................................................................................65�

5.2.� Creep�cavities�and�inclusions�................................................................65�

5.3.� Evolution�of�hardness�...........................................................................65�

5.4.� Evolution�of�subgrain�............................................................................66�

5.5.� Evolution�of�low�angle�boundaries�.......................................................70�

5.6.� Evolution�of�dislocation�density�............................................................70�

5.7.� Stability�of�precipitates�.........................................................................71�

5.8.� Chemical�evolution�of�precipitates�.......................................................74�

5.9.� Laves�phase�nucleation�and�growth�.....................................................75�

6.� Conclusions�..................................................................................................84�



�

ii�
�

�List�of�Figures�
�
Figure� 1�1:�Heat�rate�of�steam�power�plants�in�Germany�as�a�function�of�steam�parameters.�1�

Figure� 1�2:�International�research�and�development�projects�on�steam�power�plants�[17].�...�2�

Figure� 2�1:�Schematic�illustration�and�photographs�of�a�fossil�fired�boiler�and�their�typical�

materials.�....................................................................................................................................�5�

Figure� 2�2:�Schematic�illustration�of�microstructure�of�tempered�martensite�9�12%Cr�creep�

resistant�steel�contains�precipitates�on�the�internal�interfaces.�...............................................�7�

Figure� 2�3:�Schematic�of�crystal�structure�of�Cr23C6�carbide�with�fcc�structure.�.....................�11�

Figure� 2�4:�Schematic�of�crystal�structure�of�VC�carbide�with�fcc�structure.�..........................�13�

Figure� 2�5:�Schematic�of�crystal�structure�of�Fe2W�carbide�with�hcp�structure.�.....................�13�

Figure� 2�6:�Schematic�of�Ostwald�ripening�mechanism�in�which�larger�particles�grow�up�while�

small�particles�dissolving�into�matrix.�......................................................................................�15�

Figure� 2�7:�Creep�curve�of�an�engineering�steel�under�constant�tensile�load�and�constant�

temperature.�............................................................................................................................�17�

Figure� 3�1:�Schematic�of�the�position�and�direction�of�creep�specimens�taken�from�

X20CrMoV12�1�pipe.�................................................................................................................�24�

Figure� 3�2:�Continuous�cooling�transformation�(CCT)�diagram�of�X20CrMoV12�1�steel.�.......�25�

Figure� 3�3:�a)�As�received�specimen�taken�from�a�pipe,�b)�creep�ruptured�specimen�after�

139971�hours�at�823�K�under�120�MPa....................................................................................�26�

Figure� 3�4:�Schematic�of�EBSD�technique.�...............................................................................�28�

Figure� 3�5:�Diagram�of�the�bright�field,�annular�dark�field,�and�high�angle�annular�dark�field�

functions�of�a�STEM.�.................................................................................................................�30�

Figure� 3�6:�Procedure�to�identify�and�evaluate�the�precipitates�in�HAADF—STEM�images.�..�32�

Figure� 3�7:�Schematic�figure�illustrating�the�parameters�which�were�retrieved�from�the�TEM�

micrographs:�particle�size,�number�density�and�projected�area�fraction.�...............................�33�

Figure� 4�1:�Diagram�of�strain�vs.�logarithm�of�time�of�specimens�with�0.5,�1.0,�and�1.6%�strain�

and�ruptured�specimen.�...........................................................................................................�35�

Figure� 4�2:�Logarithm�of�creep�rate�vs.�logarithm�of�time�at�823�K�for�specimens�0.5,�1.0,�1.6�

and�11.9%�strain.�......................................................................................................................�35�

Figure� 4�3:�logarithm�of�creep�rate�vs.�strain�for�the�ruptured�specimen�at�823�K�and�120�

MPa�after�139971�hours.�.........................................................................................................�36�



�

iii�
�

Figure� 4�4:�SEM�back�scattered�micrograph�of�the�ruptured�specimen�at�823�K�and�120�MPa�

after�139971�hours;�white�square�is�represented�the�region�of�interest;�Arrows�show�the�

former�austenite�grain�boundaries.�.........................................................................................�37�

Figure� 4�5:�SEM�back�scattered�micrograph�of�the�pointed�out�region�in�Figure� 4�4;�white�

square�is�represented�the�position�of�the�magnified�image�in�Figure� 4�6...............................�37�

Figure� 4�6:�SEM�back�scattered�micrograph�of�the�pointed�out�region�in�Figure� 4�5;�the�creep�

cavities�are�visible�on�the�former�austenite�boundary�perpendicular�to�the�stress�direction.�38�

Figure� 4�7:�a)�Elongated�inclusion�after�hot�rolling�in�as�received�specimen�in�longitude�

direction,�b)�back�scattered�image�of�a�micro�pore�in�centrifugal�direction;�1,�2)�EDX�

spectrum�of�particle�inside�pore�and�surrounding,�respectively.�............................................�39�

Figure� 4�8:�Hardness�evolution�in�gage�portion�(creep)�and�thread�portion�(aging)�at�823�K.�40�

Figure� 4�9:�A�montage�of�16�TEM�bright�field�images;�the�position�of�Figure� 4�10�is�pointed�

out�by�white�square.�................................................................................................................�42�

Figure� 4�10:�Bright�field�TEM�image�from�ruptured�specimen�at�823�K�under�120�MPa.�.......�42�

Figure� 4�11:�Subgrain�width�measurement�in�SEM�images�of�X20CrMoV12�1�steel�(initial�

state).........................................................................................................................................�43�

Figure� 4�12:�Subgrain�evolution�in�creep�(under�external�stress)�and�in�aging�(without�stress)�

specimens�of�X20CrMoV12�1�steel.�.........................................................................................�43�

Figure� 4�13:�Relative�frequency�of�misorientation�angles�in�X20CrMoV12�1steel.�Angles�

below�15�degree�are�defined�as�low�angle�boundaries�and�above�15�degree�as�high�angle�

boundaries�................................................................................................................................�45�

Figure� 4�14:�Electron�back�scattered�diffraction�pattern�(EBSD)�of�as�received�specimen,�a)�

Image�quality�(IQ),�b)�inverse�pole�figure�(IPF).�.......................................................................�46�

Figure� 4�15:�Electron�back�scattered�diffraction�pattern�(EBSD)�of�thread�portion�(aging)�at�

823�K;�a)�Image�quality�(IQ),�b)�inverse�pole�figure�(IPF).�........................................................�46�

Figure� 4�16:�Electron�back�scattered�diffraction�pattern�(EBSD)�of�gage�portion�(creep)�at�823�

K�and�120�MPa;�a)�Image�quality�(IQ),�b)�inverse�pole�figure�(IPF).�.........................................�46�

Figure� 4�17:�Evolution�of�one�degree�misorientation�angle�in�creep�and�aging�specimens�at�

823�K.�........................................................................................................................................�47�

Figure� 4�18:�Relative�frequency�oh�high�angle�misorientation�(60�degree)�in�creep�and�aging�

specimens.�................................................................................................................................�47�



�

iv�
�

Figure� 4�19:�Relative�frequency�of�low�angles�misorientation�in�as�received,�aging�and�creep�

specimens.�................................................................................................................................�48�

Figure� 4�20:�HAADF�STEM�micrograph�showing�dislocations�in�the�initial�material�(prior�to�

temperature�exposure�and�creep).�..........................................................................................�50�

Figure� 4�21:�Set�of�4�HAADF�STEM�micrographs�showing�the�evolution�of�the�density�of�free�

dislocations�during�long�term�aging.�(a)�12456�h�/�823�K;�(b)�51072�h�/�823�K;�(c)�81984�h�/�

823�K;�(d)�139971�h�/�823�K.�.....................................................................................................�50�

Figure� 4�22:�Set�of�4�HAADF�STEM�micrographs�showing�the�evolution�of�the�density�of�free�

dislocations�during�long�term�creep�(a)�12456�h/823�K/120�MPa;�(b)�51072�h/823�K/120�

MPa;�(c)�81984�h/823�K/120�MPa;�and�after�rupture�(d)�139971�h/823�K/120�MPa.�.............�52�

Figure� 4�23:�Quantitative�metallographic�results�on�dislocation�densities�in�the�initial�

material,�after�long�term�aging�and�long�term�creep.�.............................................................�52�

Figure� 4�24:�a)�Bright�field�TEM,�b)�STEM�HAADF�image,�c)�selected�area�diffraction�(SAD)�

pattern�of�the�carbide�and�d)�energy�dispersive�X�ray�(EDX)�chemical�analysis�of�the�M23C6�

carbide.�.....................................................................................................................................�53�

Figure� 4�25:�a)�Bright�field�TEM,�b)�STEM�HAADF�image,�c)�convergent�beam�electron�

diffraction�(CBED)�pattern,�d)�energy�dispersive�X�ray�(EDX)�chemical�analysis�of�the�VX�

carbide.�.....................................................................................................................................�54�

Figure� 4�26:�a)�Bright�field�TEM,�b)�STEM�HAADF�image,�c)�selected�area�diffraction�(SAD),�

and�d)�energy�dispersive�X�ray�(EDX)�chemical�analysis�of�the�Laves�phase.�..........................�56�

Figure� 4�27:�A�montage�of�HAADF�STEM�images�of�the�X20CrMoV12�1�steel�after�139971�

hours�creep�exposure�at�823�K�and�120�MPa.�The�Laves�phase�precipitates�are�brighter�than�

other�precipitates�and�pointed�out�with�arrows.�....................................................................�57�

Figure� 4�28:�Evolution�of�projected�area�fraction�for�M23C6,�VX�and�Laves�phase�during�creep.

�..................................................................................................................................................�58�

Figure� 4�29:�Evolution�of�number�density�for�M23C6,�VX�and�Laves�phase�during�creep.�.......�58�

Figure� 4�30:�Evolution�of�mean�diameter�for�M23C6,�VX�and�Laves�phase�during�creep.�........�60�

Figure� 4�31:�Ostwald�ripening�of�M23C6�carbides�in�X20CrMoV12�1�steel.�.............................�60�

Figure� 4�32:�HAADF�STEM�image�of�a�crept�specimen�after�139971�hours.�...........................�61�

Figure� 4�33:�The�relative�frequency�of�particle�boundary�of�the�initial�state,�after�51072�

hours�and�after�139971�hours�creep.�......................................................................................�62�



�

v�
�

Figure� 4�34:�Relative�concentration�of�the�elements�found�in�the�Laves�phase�particles�during�

creep�exposure�at�823�K�and�120�MPa.�...................................................................................�63�

Figure� 4�35:�Concentration�of�Fe�and�Cr�in�the�metallic�elements�of�M23C6�carbide.�.............�64�

Figure� 4�36:�Molybdenum�concentration�in�the�metallic�elements�of�M23C6�carbide.�...........�64�

Figure� 5�1:�Hardness�ratio�as�a�function�of�creep�life�fraction.�...............................................�67�

Figure� 5�2:�Subgrain�width�of�interrupted�as�well�as�ruptured�creep�specimens�of�

X20CrMoV12�1�at�823�K�under�120�MPa�versus�creep�strain�and�calculated�subgrain�width�

using�given�formula.�.................................................................................................................�67�

Figure� 5�3:�HAADF�STEM�image�of�ruptured�creep�specimen�after�139971�hours�at�823�K�of�

X20CrMoV12�1�steel.�...............................................................................................................�72�

Figure� 5�4:�Model�of�diffusion�of�Silicon�into�the�Laves�phase�particles�from�surrounding�

matrix�with�constant�surface�concentration.�...........................................................................�78�

Figure� 5�5:�Growth�of�the�Laves�phase�particles�for�different�boundary�concentration�of�

Silicon.�......................................................................................................................................�79�

Figure� 5�6:�Schematic�illustration�of�(a)�the�particle�geometry�and�particle�spacing�and�(b)�the�

Si�concentration�profile�in�between�two�particles.�..................................................................�82�

Figure� 5�7:�Relative�Si�concentration�( ( )r xc c� )�100%�as�a�function�of�the�dimensionless�

distance�parameter� x ir x �� .�.................................................................................................�82�

�
� �



�

vi�
�

List�of�Tables�
�
Table� 2�1:�Chemical�composition�and�creep�rupture�strength�at�600°C�of�basic�and�advanced�

creep�resistant�steels�used�in�power�plants�(mass�%)�[17].�.......................................................�8�

Table� 2�2:�Unit�cell�parameter�(a)�of�MX�precipitate�in�ferritic�creep�resistant�steels.�..........�12�

Table� 2�3:�Summary�of�basic�characteristics�of�minor�phases�in�9–12%Cr�steels.�..................�16�

Table� 3�1:�The�chemical�composition�of�X20CrMoV12�1�creep�resistant�steels�in�weight�

percent.�....................................................................................................................................�24�

Table� 3�2:�Creep�conditions�of�X20CrMoV12�1�specimens.�L1,�L2�and�L3�are�interrupted�

creep�specimens�and�L4�is�the�ruptured�sample.�....................................................................�26�

Table� 3�3:�Setting�for�collecting�data�in�EBSD.�.........................................................................�29�

Table� 3�4:�Number�of�investigated�particles�in�each�specimen�using�TEM�and�STEM�

micrographs.�.............................................................................................................................�32�

Table� 4�1:�Effect�of�subgrain�evolution�on�the�subgrain�back�stress.�......................................�44�

Table� 5�1:�Comparison�of�precipitates�in�the�gage�and�thread�portions�at�823�K�after�139971�

hours�creep�exposure.�..............................................................................................................�69�

Table� 5�2:�Parameters�characterizing�the�population�of�Laves�phase�particles�after�different�

periods�of�long�term�creep�exposure.��n�–�number�density�of�Laves�phase�particles.�R���mean�

radius�of�the�five�biggest�Laves�phase�particles.�......................................................................�80�

Table� 5�3:�Experimentally�determined�Laves�phase�volume�fractions�fV
Laves.�Experimental�cSi�

rem
V,rel,exp�and�calculated�cSi�rem

V,rel,mod�.......................................................................................�83�

�
�



Introduction�
�

�

1

1. Introduction�
�
Creep�resistant�steel�that�can�be�used�for�a�long�time�at�elevated�temperatures�is�key�

to� the� construction� of� thermal� and� nuclear� power� generation,� chemical� and�

petroleum� plants� [1�3].� During� the� last� decade,� great� progress� has� been� made� in�

developing� creep�resistant� steels� of� high� strength� and� corrosion� resistance� at� ever�

increasing� temperatures� [4].� Although� in� the� past,� the� driving� force� for� these�

developments�has�been�primarily�to�achieve�higher�efficiencies,�the�focus�has�shifted�

more� recently� to� the� reduction� of� emissions� of� CO2,� dioxins� and� other�

environmentally�hazardous�gases�[5�9].��

�

The� development� of� creep�resistant� steels� is� a� result� of� continuous� technological�

progress�throughout�the�20th�century.�The�urgent�need�to�improve�the�creep�strength�

of� steels� was� based� on� endeavors� by� the� power� station� industry� to� improve� the�

thermal� efficiency� of� steam� power� plants� by� raising� the� steam� temperature� and�

steam�pressure�in�order�to�reduce�the�cost�of�fuel�and�reduce�use�of�resources�[10�

16].�Since�roughly�1900,�the�heat�rate�of�thermal�power�plants�in�Germany�has�been�

reduced� following� a� step�by�step� increase� in� the� steam� parameters� from� 275°C/12�

bars�to�620°C/300�bars�(Figure� 1�1).�

�
Figure�1�1:�Heat�rate�of�steam�power�plants�in�Germany�as�a�function�of�steam�parameters.�
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The�thermal�efficiency�of�fossil�fired�power�plants�can�be�raised�by�reducing�exhaust�

heat� and� heat� transfer� losses.� The� limit� has� virtually� been� reached� for� reducing�

exhaust�heat�losses,�which�are�mainly�through�the�condensers�for�cooling�turbine�and�

boiler�exhaust.�Heat�transfer�losses,�however,�can�be�reduced�by�raising�the�pressure�

and� temperature� of� the� steam,�but� the� extent� to� which� this� can� be� done� is� greatly�

influenced� by� the� materials.� For� creep�resistant� steels� used� in� high� temperature�

components� in� power� plants,� good� mechanical� properties,� corrosion� resistance� and�

fabricability� are� generally� required,� and� creep� strength� in� particular� is� of� utmost�

importance� for� high� pressure� and� high� temperature� applications.� This� has� led� to�

increasing� research� activities� in� alloy� development� which� are� focused� on� improving�

the�creep�strength.�Figure�  1�2�shows�an�overview�of� the� international� research�and�

development�projects�on�advanced�steam�cycle�power�plants�in�the�world�[17].�These�

projects� were� initiated� in� the� early� 1980s,� and� in� the� last� two� decades� numerous�

creep�resistant� steels� have� been� developed� to� achieve� ultra�supercritical� pressure�

steam�conditions�or�steam�temperature�of�630°C�with�ferritic�9�12%Cr�steels�[18,�19].�

�

�
Figure�1�2:�International�research�and�development�projects�on�steam�power�plants�[17].�
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Critical� components� in� fossil�fired� power� plants� (tubes,� pipes,� blades,� rotors,�

membranes�and�others)�are�mainly�fabricated�from�bainitic�and�tempered�martensitic�

steels�with�100000�hour�creep�strengths�at�600°C�in�the�100�MPa�stress�range.�These�

steels� not� only� show� reasonable� creep� resistance� but� also� high� damage� tolerance�

with�respect�to�thermal� fatigue� loading� (where�frequent�starts�and�stops�cannot�be�

avoided).�Their�high�temperature�corrosion�resistance�is�good�below�the�point�where�

FeO� forms� and� generally� increases� with� increasing� Cr� content.� For� steam� power�

plants�with�sliding�pressure�operation�capable�of�responding�to�changes�in�electricity�

demand,�or� for�plants�undergoing� frequent�start�and�stop�cycles,� it� is�preferable� to�

use� ferritic� steels� having� smaller� coefficients� of� thermal� expansion� for� heavy,� thick�

walled� components� in� order� to� reduce� thermal� stresses.� Accordingly,� the� creep�

resistance� capability� of� ferritic� steels� is� the� major� determinant� of� steam� conditions�

[20�26].�Recent�research�on�enhancing�the�creep�strength�of�9�12%Cr�steels�for�650°C�

operation� has� revealed� the� importance� of� taking� into� account� microstructural�

evolution� phenomena� during� creep,� such� as� precipitation� and� coarsening� of�

carbonitrides�and�intermetallic�compounds�[27�29].�

�

�

In�view�of�the�objectives�of�the�present�study,�two�aspects�are� important.�First,� the�

microstructure� of� tempered� martensite�ferritic� steels� governs� its� creep� behavior.�

Second� and� most� importantly,� the� microstructure� of� steel� is� not� stable� but� is�

continually� evolving� during� creep.� This� has� been� known� for� quite� some� time,� but� a�

number� of� open� issues� remain.� The� appearance� of� new� experimental� methods� like�

high� resolution� scanning� electron� microscopy,� electron� backscattered� electron�

diffraction� (EBSD)� in� the� scanning� electron� microscopy� and� analytical� transmission�

electron�microscopy�provides�the�possibility�to�progress�the�field.�The�service�life�of�

materials� is� usually� obtained� by� an� extrapolation� procedure.� The� problem� with� this�

approach�is�that�the�microstructure�of�creep�resistant�steels�is�not�stable�and�this�has�

been�reported�on�many�occasions�in�the�literature�[30�39].�

�
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In� the� present� research,� we� investigate� the� evolution� of� the� microstructure� in�

tempered� martensite� ferritic� steel� X20CrMoV12�1� exposed� to� long�term� creep�

loading� at� 550°C,� by� performing� detailed� microstructural� investigations� for� distinct�

creep� stages.� The� interrupted� long�term� creep� specimens� allow� us� to� evaluate� the�

microstructural� evolutions� during� creep� exposure� and� under� real� service� conditions�

avoiding�the�impracticable�results�from�short�term�creep.�

�
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2. State�of�the�art�
�

2.1. Applications�
�

Figure� 2�1�shows�the�various�boiler�components�such�as�the�water�wall,�superheater,�

reheater,� header� and� main� steam� pipe� and� their� typical� materials� used� in� a� recent�

fossil� fired� power� plant.� The� water� wall� tubes� are� welded� in� a� panel� structure� to�

achieve� effective� heat� exchange� in� order� to� produce� pressurized� steam� from� water�

under�the�super�critical�conditions�in�a�furnace.�

�

�
Figure� 2�1:�Schematic�illustration�and�photographs�of�a�fossil�fired�boiler�and�their�typical�materials.�
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Conventional�steels�and�Cr�Mo�steels�are�used�for�the�water�wall�tubes�according�to�

the�operating�temperatures�and�pressures,�which�are�usually�heated�up�to�500°C� in�

the� latest� ultra� supercritical� pressure� plants.� The� steams� are� superheated� in� a�

superheater�up� to� the�highest�pressure�at�a�designed� temperature�and�reheated� in�

reheater� up� to� the� highest� temperature� that� will� achieve� the� designed� thermal�

efficiency.�The�superheated�steams�are�gathered�into�a�header�pipe�and�transferred�

to�a�turbine�system�through�main�steam�piping.�The�header�and�main�steam�piping�

should,�therefore,�be�a�heavy�wall�thickness�pipe�with�a�large�diameter�to�keep�huge�

amounts�of�steam�pressurized.�It�is�suggested�that��9�12%�Chromium�creep�resistant�

steels� are� suitable� materials� to� fulfill� mentioned� requirements� in� header� and� main�

steam�pipes�[16,�17].�

�

2.2. 9�12%�Cr�steels�
�
The� development� of� creep�resistant� 9�12%Cr� steels� was� strongly� motivated� by� two�

major�events:�(1)�the�development�of�thermal�power�plants�for�public�power�supply�

operating�at� steam� temperatures� ranging� from� 538�566°C� during� the� 1950s� and� (2)�

the� target� to� develop� low�pollution� power� plants� operating� at� steam� admission�

temperatures� of� 600�650°C� with� supercritical� pressures� up� to� 350� bar� during� the�

1980s� [40�44].� The� steel� X20CrMoV12�1� was� developed� in� the� 1950s� for� thin�� and�

thick�walled� power� station� components.� The� creep� strength� of� X20CrMoV12�1� is�

based� on� solid� solution� hardening� and� on� the� precipitation� of� M23C6� carbides.� This�

steel� has� been� used� successfully� in� power� plants� over� several� decades� up� to�

temperatures�of�about�566°C.�A�newer�generation�steel,�referred�to�in�the�literature�

as� modified� 9Cr�1Mo� or� P91� [15],� was� developed� under� a� USA� project� in� the� late�

1970s�for�the�manufacture�of�pipes�and�vessels�for�a�fast�breeder.�This�steel�has�been�

widely� used� for� pipes� and� small� forgings� in� all� new� Japanese� and� European� power�

plants� with� steam� temperatures� up� to� 600°C.� The� increase� of� creep� strength� in�

comparison�to�the�X20CrMoV12�1�steel� is�caused�by�forming�thermal�stable�VN�and�

Nb(C,�N)�precipitates.�A�lower�Cr�content�of�about�9%�also�contributes�to�the�higher�
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creep� strength.� Similar� creep� strengths� are� exhibited� by� new� steels� developed� for�

rotors,�castings�and�pipes�which�are�in�addition�alloyed�with�Tungsten�(W).�A�further�

increase�in�creep�strength�reveals�the�steel�type�P92�which,�in�addition�to�the�other�

alloying� elements,� is� alloyed� with� Boron� and� has� an� increased� W� content.� The�

addition�of�boron�gives�thermally�stable�M23(C,B)6�precipitates�whereas�the�higher�W�

content� leads� to�a�higher�amount�of� the�Laves�phase.�Steels� for� rotors,�casings�and�

pipes�with�higher�B�contents�can�be�used�up�to�temperatures�of�about�630°C.�Further�

ferritic�9�12%Cr� steels�are�under�development� for� steam�temperatures�up� to�650°C�

[45�50].�An�overview�of�the�historical�development�of�creep�resistant�ferritic�9�12%Cr�

steels�from�the�1950s�to�the�1990s�is�given�in�Table� 2�1�[17].�

2.3. Metallurgy�
�

The� standard� heat� treatment� of� martensitic�ferritic� steels� consists� of� austenitizing�

and�tempering.�In�austenitizing�at�temperatures�above�Ac1,�ferrite�(bcc)�transforms�to�

austenite� (fcc).� During� cooling� from� the� austenitizing� temperature� to� room�

temperature,� a� martensitic� structure� forms.� Tempering� results� in� a� ferritic� subgrain�

microstructure� with� carbides� and� carbonitrides� forming� at� former� austenite�

boundaries,�subgrain�boundaries�and�dislocations�within�the�grains�(Figure� 2�2).�

�

�
Figure� 2�2:� Schematic� illustration� of�microstructure� of� tempered�martensite� 9�12%Cr� creep�resistant� steel�
contains�precipitates�on�the�internal�interfaces.�



St
at

e�
of

�th
e�

ar
t�

� �

8

Ta
bl
e�
2�
1:
�C
he

m
ic
al
�c
om

po
si
ti
on

�a
nd

�c
re
ep

�r
up

tu
re
�s
tr
en

gt
h�
at
�6
00
°C
�o
f�b

as
ic
�a
nd

�a
dv
an

ce
d�
cr
ee
p�
re
si
st
an

t�
st
ee
ls
�u
se
d�
in
�p
ow

er
�p
la
nt
s�
(m

as
s�
%
)�[
17
].
�

�
co
un

tr
y�

st
ee
l�

Ch
em

ic
al
�c
om

po
si
ti
on

�(w
ei
gh
t�%

)�
Ru

pt
ur
e�
��s
tr
en

gt
h�
at
�

60
0°
C�
(M

Pa
)�

�
�

�
C�

Cr
�

M
o�

N
i�

W
�

V�
N

b�
N

�
B�

10
4 h�

10
5 h�

�
�

Ba
si
c�
st
ee
ls
�

�
�

�
�

�
�

�
�

�
�

�

1�
G

er
m

an
y�

X2
0C

rM
oV

12
�1

�
0.

22
�

12
.0

�
1.

0�
0.

50
�

��
0.

30
�

��
��

��
10

3�
59

�

2�
U

K�
H

�4
6�

0.
16

�
11

.5
�

0.
65

�
0.

70
�

��
0.

30
�

0.
30

�
0.

05
�

��
11

8�
62

�

�
�

FV
44

8�
0.

13
�

10
.5

�
0.

75
�

0.
70

�
��

0.
15

�
0.

45
�

0.
05

�
��

13
9�

64
�

3�
Fr

an
ce

�
54

T5
�

0.
19

�
11

.0
�

0.
80

�
0.

40
�

��
0.

20
�

0.
45

�
0.

05
�

��
14

4�
64

�

4�
Ja

pa
n�

TA
F�

0.
18

�
10

.5
�

1.
5�

0.
05

�
��

0.
20

�
0.

15
�

0.
01

�
0.

03
5�

21
6�

15
0�

5�
U

SA
�

11
%

Cr
M

oV
N

bN
�

0.
18

�
10

.5
�

1.
0�

0.
70

�
��

0.
20

�
0.

08
�

0.
06

�
��

16
5�

85
�

�
�

A
dv
an

ce
d�
st
ee
ls
�

�
�

�
�

�
�

�
�

�
�

�

6�
U

SA
�

P�
91

�
0.

10
�

9.
0�

1.
0�

<0
.4

0�
��

0.
22

�
0.

08
�

0.
05

�
��

12
4�

94
�

7�
Ja

pa
n�

H
CM

�1
2�

0.
10

�
12

.0
�

1.
0�

��
1.

0�
0.

25
�

0.
05

�
0.

03
�

��
�

75
�

8�
Ja

pa
n�

TM
K�

1�
0.

14
�

10
.3

�
1.

5�
0.

60
�

��
0.

17
�

0.
05

�
0.

04
�

��
17

0�
90

�

�
�

TM
K�

2�
0.

14
�

10
.5

�
0.

5�
0.

50
�

1.
8�

0.
17

�
0.

05
�

0.
04

�
��

18
5�

90
�

9�
Eu

ro
pe

�
X1

8C
rM

oV
N

bB
�9

1�
0.

18
�

9.
5�

1.
5�

0.
05

�
��

0.
25

�
0.

05
�

0.
01

�
0.

01
�

17
0�

12
2�

10
�

Eu
ro

pe
�

X1
2C

rM
oW

VN
bN

�
0.

12
�

10
.3

�
1.

0�
0.

80
�

0.
80

�
0.

18
�

0.
05

�
0.

06
�

��
16

5�
90

�

�
�

E9
11

�
0.

11
�

9.
0�

0.
95

�
0.

20
�

1.
0�

0.
20

�
0.

08
�

0.
06

�
��

13
9�

98
�

11
�

Ja
pa

n�
P9

2�
0.

07
�

9.
0�

0.
50

�
0.

06
�

1.
8�

0.
20

�
0.

05
�

0.
06

�
0.

00
3�

15
3�

11
3�

12
�

Ja
pa

n�
P1

22
�

0.
10

�
11

.0
�

0.
40

�

1C
u�

<0
.4

0�
2.

0�
0.

22
�

0.
06

�
0.

06
�

0.
00

3�
15

6�
10

1�

13
�

Ja
pa

n�
H

CM
�2

S�
0.

06
�

2.
25

�
0.

20
�

��
1.

6�
0.

25
�

0.
05

�
0.

02
�

0.
00

3�
�

80
�

14
�

G
er

m
an

y�
7C

rM
oT

iB
�

0.
07

�
2.

40
�

1.
0�

��
��

0.
25

�
��

0.
01

�
0.

00
4�

0.
07

Ti
�

�
60

�



State�of�the�art�
�

�

9

In� order� to� reach� the� optimum� strength,� it� is� essential� to� obtain� a� fully� martensitic�

transformation� by� cooling� to� room� temperature.� Because� of� the� Cr� level,� carbon�

diffusion� in� austenite� is� slowed� down;� consequently,� the� ferrite� nose� in� the� CCT�

(continues�cooling� transformation)�diagram�shifts� to� longer�cooling� times� [51�53].� If�

the�martensitic� transformation�does�not�proceed� to� the�end,� the� so�called� retained�

austenite�remaining�in�the�microstructure�decreases�the�strength�before�tempering.�

For�9�12%Cr�steels,�the�martensite�start�(Ms)�temperature�is�about�400°C�and�Mf�is�in�

the�range�100�150°C�[17].��

�
The�composition�of�the�steel�controls�the�Ms�and�Mf�temperatures.�A�rough�estimate�

of�the�Ms�temperature�can�be�determined�by�the�following�empirical�equation�(2.1):��

550 450 33 20 17 10 20 10 11 11 15sM C C Mn Cr Ni W V Cu Nb Si Co� � � � � � � � � � � 	 � (2.1)�

It�is�essential�to�have�a�fine�distribution�and�high�thermal�stability�of�the�precipitates�

to� obtain� a� high� creep� strength� in� 9�12%Cr� steels.� The� tempering� temperature� is�

chosen� with� respect� to� properties� required� for� the� component.� Higher� tempering�

temperatures�are�used�for�components�like�steam�pipes,�where�high�ductility�during�

post�weld�treatment�is�important�[23,�54].�For�large�components�like�turbine�rotors,�

lower� tempering� temperatures� are� used� to� take� advantage� of� the� resulting� high�

tensile�strength�[55�57].�

�

Elemental�effects��
�
Classification� of� alloying� elements� according� to� their� effect� in� the� steel� is� difficult,�

because�the�influence�varies�so�widely�with�each�element�addition,�depending�on�the�

quantity�used�and�other�elements�present.�A�useful�approach�to�grouping,�however,�

is�based�upon�the�effect�of�the�element�on�the�stability�of�carbides�and�the�stability�of�

austenite� [10,� 17,� 23,� 54].� With� this� approach,� alloying� elements� are� classified� as�

follows:��

�

 Elements� that� tend� to� form� carbides:� Chromium,� tungsten,� titanium,�

vanadium,�molybdenum,�and�manganese.��
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� 
 Elements� that� tend� to� graphitize� the� carbide:� silicon,� cobalt,� aluminum,� and�

nickel.� Only� a� small� proportion� of� these� elements� can� be� added� to� the� steel�

before�graphite�(which�degrade�the�mechanical�properties�of�the�steel)�starts�

forming� instead� of� carbide� during� processing,� unless� elements� from� group� 1�

are�added�to�counteract�the�effect.��

�


 Elements� that� tend� to� stabilize� austenite:� manganese,� nickel,� cobalt,� and�

copper.�These�elements�tend�to�retard�the�separation�of�carbides.�They�have�a�

crystal�lattice�(fcc)�similar�to�that�of���iron,�in�which�they�are�more�soluble�than�

they�are�in���iron.��

�


 Elements� that� tend� to� stabilize� ferrite:� Chromium,� tungsten,� molybdenum,�

vanadium,� and� silicon.� These� elements� are� more� soluble� in� ��iron� than� in� ��

iron.� They� diminish� the� amount� of� carbon� soluble� in� the� austenite� and� thus�

tend� to� increase� the� volume� of� free� carbide� in� the� steel� for� a� given� carbon�

content.�With�a�certain�amount�of�each�of�these�elements,�the�austenite�phase�

disappears� and� ferrite� exists� from� the� melting�point� down� to� room�

temperature.��

�

� �
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2.4. Precipitates�
�

Three� kinds� of� precipitate� usually� form� in� the� X20CrMoV12�1� steel.� the�

crystallography� and� chemical� composition� of� each� precipitates� are� summarized�

following.�

2.4.1. M23C6�
�
M23C6�is�the�main�precipitate�in�most�of�ferritic�creep�resistant�steels.�Therefore,�the�

strength� and� the� creep� properties� of� these� steels� depend� strongly� on� the� amount,�

size,�and�dispersion�of�M23C6�carbides.�The�term�M23C6�is�a�more�general�notation�for�

Cr23C6,� as� often,� Ni,� Mo� and� Fe� are� found� to� substitute� partially� for� Chromium.�

However,� in� steels� containing� significant� amounts� of� Mo,� it� can� have� the� formula�

Fe21Mo2C6.� In� steels� containing� both� Cr� and� Mo,� the� composition� can� be� anywhere�

between�the�above.�Mn�has�also�been�found�to�partition�to�M23C6�in�small�quantities.�

Figure� 2�3�shows�the�crystal�structure�of�Cr23C6�carbide.�It�has�an�fcc�structure�(space�

group�Fm3m)�with�the�lattice�parameter�varying�between�1.057�and�1.068�nm.�M23C6�

carbides�are�found� in�the�early�stage�of�tempering,�because�they�nucleate�easily�on�

the�internal�interfaces.��

�
Figure�2�3:�Schematic�of�crystal�structure�of�Cr23C6�carbide�with�fcc�structure.�

�
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M23C6� particles� coarsen� during� creep� exposure.� During� coarsening,� the� number� of�

M23C6� particles� decreases� as� the� mean� particle� diameter� increases.� The� volume�

fraction� remains� constant� as� the� large� particles� growth� and� small� ones� dissolve.�

Measurements� of� the� M23C6� particle� size� distribution� made� by� Hättestrand� and�

coworkers� [58�60]�have�shown�that� the�coarsening�of�M23C6�carbides� is�accelerated�

by�introducing�creep�at�600°C.�If�boron�is�present�in�the�steel,�it�will�dissolve�in�M23C6�

carbides�and�substitute� for�carbon,�although�only� in�very�small�quantities.�With� the�

use�of�Atom�Probe�Field�Ion�Microscopy�(APFIM),�it�is�found�that�approximately�50%�

of� B� in� the� steel� is� concentrated� in� M23C6� carbides� [45�50].� Boron� is� of� particular�

interest�as�it�promotes�the�formation�of�intergranular�M23(C,B)6.�

2.4.2. MX�
�
The�formation�of�MX�precipitates�in�ferritic�steels�occurs�when�strong�carbide/nitride�

formers� (Ti,� Nb,� V,� Zr,� Ta,� etc.)� are� added� to� alloy.� Figure�  2�4� shows� the� crystal�

structure� of� VX� carbide.� The� VX�carbonitrides� have� a�NaCl� face�centered� cubic� (fcc)�

structure� with� lattice� parameters� as� given� in� Table�  2�2.� Often� measured� lattice�

parameters� have� intermediate� values,� reflecting� the� existence� of� a� solid� solution�

between�the�different�carbonitrides.��

�
Table�2�2:�Unit�cell�parameter�(a)�of�MX�precipitate�in�ferritic�creep�resistant�steels.�
�

Precipitate� NbN� NbC� TiN� TiC� VC� VN�

a�(nm)� 0.439� 0.447� 0.424� 0.433� 0.417� 0.413�

�
The� nitrogen� remaining� in� solid� solution� during� austenitization� is� available� during�

tempering�for�the�fine�precipitation�of�MX�carbonitrides.�The�MX�precipitates�usually�

form� on� dislocations� within� the� matrix,� on� stacking� faults� and� on� grain� boundaries�

where�they�increase�creep�strength�by�pinning�free�dislocations�[61�66].�
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�
Figure�2�4:�Schematic�of�crystal�structure�of�VC�carbide�with�fcc�structure.�

2.4.3. Laves�phase�
�
Increase� of� creep� rupture� strength� in� 9�12%Cr� steels� can� be� achieved� by� change� of�

the� molybdenum� content� and/or� the� addition� of� tungsten� to� the� steels.� These�

changes� in� Mo� and� W� contents� lead� to� the� formation� of� intermetallic� Laves� phase�

(Fe,Cr)2(Mo,W).�It�precipitates�intergranularly�in�the�form�of�equiaxed�particles.�Laves�

phase�has�a�hexagonal�phase�of�space�group�P63/mmc�with�a=0.473�nm�and�c=9.772�

nm.� The� main� factors�determining� their� formation� is� the� relative� atomic� size� of� the�

constitute� atoms� and,� furthermore,� the� ranges� of� composition� are� fairly� small� [67,�

68].�Figure� 2�5�shows�the�crystal�structure�of�the�intermetallic�Fe2W.�

�
Figure�2�5:�Schematic�of�crystal�structure�of�Fe2W�carbide�with�hcp�structure.�

�
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It�has�been�shown�that�Laves�phase�will�precipitate�during�service�exposure�in�power�

plant�applications�at�temperatures�of�approximately�550°C�after�around�10000�hours�

[69,� 70].� It� is� also� reported� in� the� literatures� that� the� presence� of� Si� and� Cu�

accelerates�the�precipitation�of�the�Laves�phase�in�tempered�martensitic�steels�[71].�

�

Carbide�coarsening�(Ostwald�ripening):�
�
The� decomposition� of� a� metastable� solution� is� very� often� described� as� occurring� in�

three�consecutive�stages:��


 The�nucleation�of�particles�of�the�more�stable�phase�in�metastable�solution.�


 The�growth�of�the�particles�in�the�metastable�solution.�


 The�ripening�or�coarsening�of�the�particles.�

�

The� coarsening� process� has� a� profound� effect� on� the� properties� of� materials.� For�

example,�the�coarsening�process�can�control�the�size�of�precipitates�in�solid�solution.�

This� average� particle� size� then� sets� the� mechanical� properties� of� the� precipitation�

hardening� [72].� Coarsening� typically� occurs� under� conditions� where� the� volume�

fractions� of� the� phases� are� nearly� at� their� equilibrium� values.� Figure�  2�6� shows� the�

Ostwald�ripening�mechanism�schematically.��

�

The� driving� force� for� the� Ostwald� ripening�process� is� the� reduction� of� the� interface�

free�energy� of� the� material� [73].� Since� smaller� particles� in� solution� have� a� higher�

surface�to�volume� ratio� than� larger� particle,� smaller� particles� are� less� stable� than�

larger�particles�of�the�same�material.�An� increase� in�the�mean�particle�size�will�thus�

reduce� the� total� free�energy� of� the� system� and� this� reduction� in� free�energy� is� the�

driving� force� for� the� coarsening� reaction.� The� analysis� of� Lifshitz� and� Slyozov� and�

Wagner�(LSW)�[74]�shows�that�the�average�particle�size�increases�with�time�as�t1/3�and�

that�the�number�of�particle�per�unit�volume�decays�as�t�1,�while�the�volume�fraction�

remains�constant.�

3 3
0d d kt� � � (2.2)�
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n
k
t

�
�

� � (2.3)�

where� d0� and� d� are� particle� sizes� at� the� beginning� and� after� t� time.� k� and� k´� are�

constant.��n�,�number�density,�is�the�number�of�particles�per�unit�of�area.��

�

�
Figure�2�6:�Schematic�of�Ostwald�ripening�mechanism�in�which�larger�particles�grow�up�while�small�particles�
dissolving�into�matrix.�

�

�
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2.5. Creep�fundamentals�
�
Plastic� deformation� is� irreversible� and� it� consists� of� time�dependent� and� time�

independent�components.�In�general,�creep�refers�to�the�time�dependent�component�

of� plastic� deformation.� This� means� that� creep� is� a� slow� and� continuous� plastic�

deformation�of�materials�over�extended�periods�under�load.�Although�creep�can�take�

place�at�all� temperatures�above�zero�Kelvin,�traditionally�creep�has�been�associated�

with� time�dependent� plastic� deformation� at� elevated� temperatures,� often� higher�

than� roughly� 0.4Tm,� where� Tm� is� the� absolute� melting� temperature� [75,� 76].� In� the�

creep�test,�the�elongation�of�the�specimen�is�measured�as�a�function�of�duration�and�

the�test�may�not�necessarily�be�continued�to�rupture�of�the�specimen.�Creep�tests�can�

be�usually�conducted�either�at�constant�load�or�at�constant�stress.�For�experimental�

convenience,� the� creep� tests� of� the� engineering� materials� are� most� frequently�

conducted�at�constant�tensile�load�and�temperature.�The�test�results�can�be�plotted�

as�creep�curves,�which�represent�graphically�the�time�dependence�of�strain�measured�

over�a�reference�or�gage�length.�Figure� 2�7�is�a�schematic�diagram�of�a�typical�creep�

curve�indicating�the�three�regimes�[77,�78].�


 Primary�creep�


 Secondary�creep�(steady�state)�


 Tertiary�creep�

�
Figure� 2�7:�Creep�curve�of�an�engineering�steel�under�constant�tensile�load�and�constant�temperature.�
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In�the�primary�creep�state,�creep�rate� �� ,�given�by�Equation�(2.4),�decreases�with�time.�

The�diminishing�creep�rate�in�the�primary�creep�is�contributed�to�the�strain�hardening�

or�decreasing�in�free�mobile�dislocation.�

d
dt
�� �� � (2.4)�

In� the� second� creep� stage,� the� creep� rate� remains� constant.� This� creep� rate� is�

commonly�referred�to�as�steady�state�creep�where�a�state�of�equilibrium�is�reached�

due� to� a� balance� between� the� rate� of� dislocation� generation� (contributing� to�

hardening)�and� the� rate�of� recovery� (contributing� softening).�At�high� temperatures,�

creep�mainly�involves�diffusion�and�hence�the�recovery�rate�is�high�enough�to�balance�

the� strain� hardening� and� results� in� the� appearance� of� secondary� or� steady�state�

creep.�In�the�tertiary�creep�stage,�the�creep�rate�increases�with�time�until�rupture.�It�

should�be�noted�that�under�constant�tensile�load,�the�stress�continuously�increases�as�

the� cross�sectional� area� decreases.� Damage� evolution� includes� the� development� of�

creep� voids,� cavities� and� cracks,� which� are� often� found� along� grain� boundaries.�

Equation� (2.5)� shows� that� creep� cavitations� affect� the� applied� stress� by� decreasing�

the�load�bearing�cross�section�of�the�specimen�[77,�78].�

0

1



�

�
�

� (2.5)�

where� �� is� the� damage� parameter� which� evolves� from� zero� (initial� state)� to� one�

(rupture)� as� cavities� nucleate� and� grow.� The� term� “minimum� creep� rate”� has� been�

favored� by� engineers� and� researcher� who� are� concerned� with� engineering� creep�

resistance�steels�and�alloys�[79].�The�stress�dependence�of�minimum�or�steady�state�

creep�rate�is�usually�expressed�by�a�power�law�as:�

min
nA� 
�� � (2.6)�

� �exp cA K Q RT� � � (2.7)�

where�n�is�the�stress�exponent,�Qc�the�activation�energy�for�creep,�R�the�gas�constant�

and� the� T,� the� absolute� temperature.� The� parameter� K� includes� microstructure�

parameters�such�as�grain�size.�Equation�(2.6)�is�often�referred�to�as�Norton’s�law.�It�is�
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well� known� that� the� minimum� creep� rate� is� inversely� proportional� to� the� time� to�

rupture�tr�as�follows:�

� � � �min exp mn
c rK Q RT C t� 
� � �� � (2.8)�

where�C�is�a�constant�depending�on�total�elongation�during�creep�and�m�is�a�constant�

often� nearly� equal� to� 1.� Equation� (2.8)� is� referred� to� as� the� Monkman�Grant�

relationship�which�suggests�that�the�minimum�creep�rate�and�time�to�rupture�vary�in�

a�similar�manner�to�stress�and�temperature.�

�

Although� Figure�  2�7� shows� an� idealized� creep� curve,� engineering� creep�resistant�

steels� sometimes� exhibit� complicated� behavior� especially� under� long� time� creep�

condition,� reflecting� complex� microstructure� evolution� during� creep.� Constitutive�

equations� are� used� with� parameters� which� reflect� the� evolution� of� specific�

microstructural�features.�The�present�work�is�no�micromechanical�treatment,�but�the�

following�simplified�analysis�helps�to�understand�why�microstructural� information� is�

important.� It� is� believed� that� the� plastic� deformation� of� crystalline� solids� at� high�

temperatures�does�not�occur�under� the�action�of� the�whole�applied�stress�but�only�

under�a�portion�of�it�which�is�represented�by�the�effective�stress.�The�effective�stress�

is�the�difference�of��ex�and��i,�where��i� is�the�internal�back�stress�and��ex� is�external�

stress.��i�characterizes�the�resistance�of�a�solid�to�plastic�deformation.�The�quantity�of�

�i� can� depend� on� temperature,� deformation� history� and� especially,� on� the� applied�

stress� and� strain� rate� [77].� We� assume� that� the� back�stress� equation� reasonably�

describes�the�creep�process�:�

� �min
n

ex iA� 
 
� �� � (2.9)�

Where�A� is� constant� and� �ex� external� applied� stress,� �i� internal� back�stress,� and� n�

power� law� stress� exponent.� The� internal� back�stress� �i� has� been� expressed� as� a�

superposition� of� individual� contributions� from� dislocations� and� precipitates.� When�

also� taking� into� account� the� contribution� from� subgrain� boundaries,� the� internal�

stress�is:�
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� �i disl sg precM
 
 
 
� 	 	 � (2.10)�

where�M�is�the�Taylor�factor�(usually�between�2�and�3).�The�subscripts�in�the�terms�in�

the� parentheses� denote� contributions� from� dislocations,� subgrain� boundaries,� and�

precipitates,� respectively.� When� examining� the� individual� contributions� of� the�

different�mechanisms�to�the�back�stress�based�on�Equation�(2.10)�the�part�stemming�

from�dislocations�can�be�expressed�as:�

disl mGb
 � �� � (2.11)�

where��m�denotes�the�density�of�mobile�dislocations�and�the�value�of��� is�between�

0.84�and�1.�G�is�the�shear�modulus�and�b�is�the�Burgers�vector.�Tempered�martensitic�

high�Cr�steels�subjected�to�normalizing�and�tempering�are�usually�observed�to�have�a�

lath� martensitic� microstructure� consisting� of� lath� and� block� with� a� high� density� of�

dislocations� and� a� dispersion� of� fine� carbonitrides� along� the� lath� and� block�

boundaries� and� in� the� matrix.� The� lath� and� block� can� be� regarded� as� elongated�

subgrains.�The�lath�and�block�boundaries�provide�the�sub�boundary�hardening�given�

by:�

10sg sgGb
 �� � (2.12)�

where� �sg� is� the� short� width� of� elongated� subgrains.� The� subgrain� width� �sg,�

corresponding�to�the�width�of�lath�and�block,�is�in�the�range�0.3�0.7�μm�in�martensitic�

high� Cr� steels� after� tempering.� The� contribution� of� precipitates� to� the� total� back�

stress� can� be� described� by� the� critical� Orowan� stress� [17].� If� the� precipitates� are�

sufficiently� hard,� such� that� dislocations� cannot� bypass� them� by� cutting,� the� upper�

limit�of�the�pinning�force�is�determined�by�the�Orowan�stress.�

0

lnor
GbC

r
�


�
� �

� � �
� �

� (2.13)�

where� C� is� a� constant� (C� =� 0.159� for� screw� dislocations� and� C� =� 0.227� for� edge�

dislocations),���is�the�mean�particle�distance,�r0�is�the�‘inner�cut�off�radius’�and���the�

‘outer� cut�off� radius’� of� the� dislocation.� This� quantity� denotes� the� maximum� back�

stress� caused� by� a� random� distribution� of� precipitates� using� a� mean� distance� ��
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between�the�precipitates.�The�latter�can�be�estimated�using�the�assumption�that�each�

precipitate�consumes�approximately�the�same�bulk�volume.�In�this�case,���is�given�by:�

3
6

in
�

�
� � (2.14)�

where� ni� represents� the� number� density� of� precipitates� in� units� of� m�3.� When�

combining�Equations�(2.13)�and�(2.14),�the�total�back�stress�contribution�from�a�bulk�

distribution�of�precipitates�yields�to:�

3

0

ln
6
i

prec
nCGb

r
� �


� �
� � �

� �
� (2.15)�

where�the�quantity��prec�represents�the�maximum�back�stress�caused�by�precipitates.�

If� the� external� load,� reduced� by� the� back�stress� contribution� of� the� other�

strengthening� mechanisms,� is� below� this� threshold,� the� dislocations� are� effectively�

pinned�and�can�only�pass�the�precipitates�by�the�climb�mechanism.�Since�dislocation�

climb� is� a� diffusional� process,� the� effective� creep� rates� are� usually� low.� If� the�

threshold� stress� is� exceeded,� the� dislocations� can� bypass� the� precipitates� by� the�

Orowan� mechanism,�which� is� a�much� faster� process�compared� to� climb.�When� this�

change� in� mechanism� occurs,� the� exponent� in� the� Norton� creep� law� increases�

significantly� and� creep� deformation� is� strongly� enhanced� [78].� The� selection� of� the�

operative�creep�mechanism�is�mainly�determined�by�the�height�of�the�external�load.�

However,�a�transition�from�dislocation�climb�to�the�Orowan�mechanism�can�also�be�

caused� by� a� decrease� in� back�stress� during� service.� If� this� transition� occurs,� for�

instance,� owing� to� coarsening� of� precipitates� or� thermodynamic� instability� of� a�

precipitation� strengthening� phase,� extrapolation� of� the� creep� strength� from� short�

term�experiments�to�long�term�service�behavior�can�result�in�fatal�overestimation�of�

the�residual�lifetime�of�components�[75].�

�

�
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2.6. Strengthening�mechanisms��
�

The� basic� ways� in� which� creep�resistant� steels� can� be� strengthened� are� by� solute�

hardening,�precipitation�hardening,�dislocation�hardening�and�boundary�hardening.�It�

should�be�noted�that�the�contribution�of�solid�solution�hardening�by�Mo�and�W�to�the�

overall� creep� strength� of� engineering� creep�resistant� steels� is� practically�

superimposed� on� other� strengthening� mechanisms,� for� example� precipitation�

hardening.� It� means� that� an� additive� rule� for� solid� solution� hardening� and�

precipitation�hardening�does�not�hold�[80�82].��

�

Precipitation�hardening�is�one�of�the�important�strengthening�mechanisms�in�creep�

resistant�steels�at�elevated�temperature.�To�achieve�enough�strengthening�using�this�

effect,�engineering�creep�resistant�steels�usually�contain�several�kinds�of�precipitate�

particles�in�the�matrix�and�on�the�grain�boundaries:�carbides�and�carbonitrides�such�

as�M23C6,�M6C,�M7C3,�MX,�M2X�and� intermetallic�compounds�such�as�the�Fe2(Mo,W)�

Laves�phase,�where�M�denotes�the�metallic�elements,�C�is�the�carbon�atoms,�and�X�is�

the� carbon� or� nitrogen� atoms.� A� dispersion� of� fine� precipitates� stabilizes� free�

dislocations� in� the� matrix� and� subgrain� structure,� which� enhances� dislocation� and�

sub�boundary� hardening.� The� coarsening� and� dissolution� of� fine� precipitates�

sometimes�takes�place�preferentially�in�the�vicinity�of�grain�boundaries�during�creep,�

which�promotes�the�formation�of�a�localized�weak�zone�and�promotes�localized�creep�

deformation�near�grain�boundaries.�It�results�in�premature�creep�rupture�[83,�84,�85].�

�

Tempered�martensitic�9�12%Cr�steels�contain�a�high�density�of�dislocations�even�after�

tempering,� usually� in� the� range� 1014� m�2� in� the� matrix.� The� density� of� dislocations�

produced�by�martensitic�transformation�can�be�controlled�by�changing�the�tempering�

temperature.�Tempering�is�usually�carried�out�at�low�temperatures�of�700°C�or�lower�

for�turbine�steels�to�ensure�enough�tensile�strength�at�ambient�temperature�by�the�

dislocation� hardening,� whereas� it� is� as� high� as� 750�800°C� for� boiler� applications.� At�
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elevated� temperature,� on� the� other� hand,� cold� working� enhances� softening� by�

promoting�the�recovery�of�excess�dislocations�and�the�recrystallization�of�deformed�

microstructure�[86�89].�

�

In�recent�years,�efforts�have�been�made�to�clarify�the�mechanisms�of�creep�strength�

loss� in�9�12%Cr�steels�at�550°C�and�above�during�creep�exposure.�The� loss�of�creep�

strength�often� takes� the� form�of�a� sigmoidal� inflection�over� long�periods�of� time� in�

creep�rupture�data.�The�proposed�mechanisms�relate�mainly�to�a�loss�of�precipitation�

hardening� by� fine� carbides� and� carbonitrides� and� also� to� a� loss� of� dislocation�

hardening�during�creep�exposure.�These�accelerate�microstructure�evolution�such�as�

the�coarsening�of�lath�and�block,�resulting�in�a�loss�of�sub�boundary�hardening�[90].��

�

The� loss� of� creep� rupture� strength� in� X20CrMoV12�1� steel� is� due� to� preferential�

recovery� of� the� lath� martensitic� microstructure� which� promotes� preferential� and�

localized� creep� deformation� in� the� vicinity� of� former�austenite� grain� boundaries,�

resulting�in�a�premature�creep�rupture.�The�proposed�mechanism�is�the�coarsening�of�

M23C6�carbides�and�the�recovery�of�lath�martensitic�microstructure.�It�is�also�observed�

that�the�addition�of�a�small�amount�of�boron,�about�100�ppm,�effectively�suppresses�

the� coarsening� of� M23C6� carbides� and� hence� suppresses� the� rapid� loss� of� creep�

rupture�strength.��

�

Excess�dislocations�resulting�from�low�temperature�tempering�cause�a�rapid�decrease�

in� creep� rupture� strength� for� long� periods� of� time� at� 600�650°C.� This� is� because�

excess�dislocations�accelerate�recovery�and�recrystallization�during�creep�with�the�aid�

of� stress,� which� also� promotes� microstructural� evolution� during� creep.� 9�12%Cr�

turbine�steels�are�more�susceptible�to�a�rapid�loss�of�creep�strength�for�long�periods�

of�time�than�9�12%Cr�boiler�steels,�because�the�dislocation�density�after�tempering�is�

much�higher�in�12%Cr�turbine�steels�than�in�boiler�steels�[9,�91].�
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3. Materials�and�methods�
�

3.1. �Materials�
�
In�the�present�study,�X20CrMoV12�1�was�investigated.�The�materials�were�taken�from�

pipes� produced� by� the� Vallourec� &� Mannesmann� Company.� Figure�  3�1� shows� a�

schematic�of� the� pipe� and� the� position� of� prepared� creep� specimens.� The�chemical�

composition�of�this�steel�is�shown�in�the�Table� 3�1.�

�

�
Table� 3�1:�The�chemical�composition�of�X20CrMoV12�1�creep�resistant�steels�in�weight�percent.�
�

Chemical�Composition�[wt.%]�

C� Si� Mn� P� S� Cr� Mo� V� Al� Ni�

0.20� 0.15� 0.61� 0.009� 0.014� 11.7� 0.84� 0.25� 0.011� 0.65�

�

�

�
Figure� 3�1:�Schematic�of�the�position�and�direction�of�creep�specimens�taken�from�X20CrMoV12�1�pipe.�
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3.2. Heat�treatment�
�
The� heat�treatment� of� X20CrMoV12�1� steel� consists� of� two� processes:�austenitizing�

and� tempering.� Austenitizing� takes� place� at� 1323� K� for� 30� minutes� to� dissolve� the�

precipitates�and�carbides�in�the�austenite�phase.�Air�cooling�after�austenitizing�leads�

to�the�martensitic�structure�which�is�very�brittle.�The�tempering�process�at�1043�K�for�

2� hours� is� performed� to� achieve� high� ductility� and� toughness.� During� tempering,�

carbides�precipitate�on�the�internal�interfaces�and�inside�grains.�Figure� 3�2�shows�CCT�

(continues�cooling�transformation)�diagram�of�X20�steel.�

�

�

�
Figure� 3�2:�Continuous�cooling�transformation�(CCT)�diagram�of�X20CrMoV12�1�steel.�
�
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3.3. Creep�testing�
�
Figure�  3�3�a,�b� show�as� received�material� from�a�pipe�and�ruptured�specimen�after�

around� 139971� hours� creep� exposure,� respectively.� All� long�term� creep� tests� of�

X20CrMoV12�1�steel�were�performed�at�Salzgitter�Mannesmann�Research�Center.��

�
Figure� 3�3:�a)�As�received�specimen�taken�from�a�pipe,�b)�creep�ruptured�specimen�after�139971�hours�at�823�
K�under�120�MPa.�
�
In� the� normal� creep� experiment� the� creep� testing� ends� with� the� rupture� of� the�

specimen.�Instead�of�this�method,�in�the�current�study�a�series�of�interrupted�creep�

testing� were� performed� under� constant� load� of� 120� MPa� at� 823� K� (550°C).� In�

interrupted�creep�testing,�creep�experiments�stop�manually�after�certain�creep�strain�

or� time.� We� used� this� method� to� study� the� microstructural� evolution� during� long�

term� creep.� The� creep� conditions� of� interrupted� specimens� as� well� as� the� ruptured�

sample�are�summarized�in�the�Table� 3�2.��

�
Table� 3�2:�Creep�conditions�of�X20CrMoV12�1�specimens.�L1,�L2�and�L3�are�interrupted�creep�specimens�and�
L4�is�the�ruptured�sample.�
�

Specimen� Strain�(%)� Stress�(MPa)� Temperature�(K)� Time�(h)�

L1� 0.5� 120� 823� 12456�

L2� 1.0� 120� 823� 51072�

L3� 1.6� 120� 823� 81984�

L4�rupture� 11.9� 120� 823� 139971�
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3.4. Optical�metallography�and�hardness�
�
In� order� to� study� the� microstructure� of� creep�resistant� steels,� the� creep� specimens�

and� as�received� sample� were� prepared� by� standard� metallography� techniques.� The�

specimens�were�grinded�on�silicon�carbide�paper�to�a�sufficient�depth�to�remove�any�

unrepresentative� surface.� After� mechanically� grinding� down� to� 1200� grade� emery�

paper,�they�were�polished�with�6,�3�and�1�μm�diamond�pastes.�The�specimens�were�

then�completely�immersed�in�ethanol�and�cleaned�using�an�ultrasonic�cleaner�for�at�

least�15�minutes�before�drying.�The�specimens�of�X20CrMoV12�1�steel�were�etched�

using� Bain�Villela's� reagent� (5� ml� hydrochloric� acid,� 1� g� picric� acid� in� 100� ml� of�

methanol)�for�up�to�2�minutes�at�room�temperature.�Optical�micrographs�were�taken�

in� both� bright� and� dark� field� modes� using� a� Leica� DM4000M� microscope� equipped�

with�a�Leica�DFC320�digital�camera.�

�
Hardness� tests� were� carried� out� using� a� Vickers� hardness� testing� instrument� (KB�

10/30� BVZ).� Measurements� were� made� on� polished� specimens� under� the� applied�

indentation�load�of�0.3�kg.�Five�measurements�were�collected�over�the�whole�sample�

area.� In�addition,� the�microhardness�measurements�were�accomplished�with�a�Paar�

MHT�4�microhardness�tester�machine�using�a�load�of�0.981�N,�and�loading�and�dwell�

times�of�10�seconds�each.�All�measurements�were�made�at�a�suitable�distance�from�

the�specimen�edge�in�order�to�avoid�any�edge�effects.�

3.5. Scanning�electron�microscopy�
�
A� Leo1530VP� field� emission� gun� scanning� electron�microscope� (FEG�SEM)� equipped�

with� Back�Scattered� Electron� (BSE),� In� Lens,� Secondary� Electrons� (SE)� and� energy�

dispersive� X�ray� (EDS)� detectors� was� used.� In� addition,� a� Digiview� CCD� (charge�

coupled�device)�camera�recorded�EBSD�(electron�back�scattered�diffraction)�patterns.��

Electron� back�scatter� diffraction� (EBSD)� is� a� microstructural�crystallographic�

technique�used�to�examine�the�crystallographic�orientation�of�many�materials,�which�

can� be� used� to� elucidate� texture� or� preferred� orientation� of� any� crystalline� or�
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polycrystalline�materials.�Experimentally�EBSD�is�conducted�using�a�scanning�electron�

microscope� (SEM)� equipped� with� a� back�scatter� diffraction� camera� [92].� The�

diffraction�camera�consists�of�a�phosphor�screen�which�is�inserted�into�the�specimen�

chamber�of�the�SEM�at�90°�to�the�pole�piece�and�a�CCD�camera�to�register�the�image�

on� the� phosphor� screen.� A� schematic� of� principle� of� EBSD� technique� is� shown� in�

Figure� 3�4.�

�
Figure�3�4:�Schematic�of�EBSD�technique.��
�
A� polished� crystalline� specimen� is� placed� into� the� standard� position� (0°� from�

horizontal)�in�the�specimen�chamber�and�then�it�is�highly�tilted�(~70°�from�horizontal)�

towards�the�diffraction�camera.�When�the�electrons� impinge�on�the�specimen,�they�

interact� with� the� atomic� lattice� planes� of� the� crystalline� structures� (many� of� these�

interactions�satisfy�Bragg�conditions�and�undergo�back�scatter�diffraction).�Due�to�the�

angle� of� the� specimen,� these� diffracted� electrons� can� escape� the� material� and� are�

directed� towards� and� collide� with� the� phosphor� screen� of� the� diffraction� camera�

causing�it�to�fluoresce,�this�fluorescent�light�is�then�detected�by�a�low�light�CCD.�The�

diffracted�electrons�produce�a�diffraction�pattern,�which�often�show�Kikuchi�bands,�
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which� correspond� to� each� of� the� lattice� diffracting� planes� and� can� be� indexed�

individually�by�the�Miller�indices�of�the�diffracting�plane�which�formed�it�[23].�

�

Back�scattered� electrons� are� very� sensitive� to� the� morphology� of� the� surface;�

therefore,� an� EBSD� pattern� can� be� collected� only� from� the� completely� polished�

surfaces.� Hence,� the� specimens� were� mechanically� ground� down� using� 1200� SiC�

paper.� The� selected� area� (~30mm2)� was� electropolished� using� A8� electrolyte� (95%�

acetic�acid�and�5%�perchloric�acid)�at�room�temperature.�Potential�difference�of�58V�

was�applied�for�2�minutes�to�get�the�best�results.�The�specimens�were�washed�with�

ethanol� in� an� ultrasonic� cleaner� for� 15� minutes� and� air� dried.� The� plasma� cleaner�

(Fischione�1020)�was�used�to�remove�the�surface�contaminations�which�increases�the�

back�scattered� signal� collected� by� the� CCD� camera.� The� working� distance� in� all�

specimens�was�set� to�13�mm�from�the�beam�source� in� the�tilted�position.�The�step�

size�in�EBSD�patterns�was�between�50�nm�to�1�μm�depending�on�the�magnification�of�

the� investigated�area.�TSL�OIM�collection�data� (version�4.5)�was�used� to�gather� the�

EBSD�data.�The�settings�for�collecting�data�are�shown�in�Table� 3�3.�

�
Table�3�3:�Setting�for�collecting�data�in�EBSD.�
�

Hough�type:� Classic� Max.�peak:� 7�
Hough�resolution:� High� Min.�peak:� 3�
Convolution�mask:� Medium�9x9� Rho�fraction:� 0.8�
Binned�pattern�size:� 96� Peak�symmetry:� 0.5�
Theta�step�size:� 1°� Min.�peak�distance:� 20�
IQ�type:� Hough� Min.�peak�magnitude:� 5�

�
TSL�OIM�analysis�(version�4.6)�software�analyzed�the�collected�pattern�and�measured�

the�misorientation�angles�in�tempered�martensitic�microstructure.�Before�measuring�

the� misorientation� angle,� the� collected� EBSD� patterns� were� refined� by� removing�

erroneous� data� points� using� “grain� confidence� index� standardization”� and� “grain�

dilation”�cleaning�methods.�The�misorientation�chart�was�created�using�the�TSL�OIM�

software�in�an�angle�range�between�1�and�65�degree�with�1�degree�intervals.�
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3.6. Transmission�electron�microscopy��
�

A� Tecnai� F20� G2� field� emission� gun� transmission� electron� microscope� (FEG� TEM)�

operating� at� 200� kV� was� used� to� investigate� the� microstructural� features� and�

specifically� to� identify� precipitates� which� can� not� be� recognized� using� light�

microscopy�and�SEM.�Tecnai�F20�G2�is�equipped�with�an�EDS�(EDAX�r�TEM)�detector�

to� collect� the� characteristic� signals� from� specimens� and� to� obtain� the� chemical�

composition� of� fine� precipitates.� X�ray� spectra� from� 20� precipitates� in� each� state�

were� recorded� for� at� least� 120� seconds.� Possible� effects� of� absorption� and�

fluorescence� were� not� considered.� A� CCD� camera� (Gatan� US� 1000)� was� installed� to�

take�bright�field�micrographs�as�well�as�diffraction�pattern.� In�addition,�a�high�angle�

annular� dark� field� (HAADF)� was� used� in� scanning� transmission� electron� microscopy�

(STEM).�STEM�operates�on�the�same�principles�as�TEM,�but,�like�in�SEM,�the�electron�

optics�focuses�the�beam�into�a�narrow�spot�which�is�scanned�over�the�sample.�Unlike�

normal�dark�field�imaging�where�the�signal�comes�from�elastic�scattering�of�electrons�

typically� at� smaller� angles,� the� HAADF� signal� is� the� result� of� inelastic� scattering� of�

electrons�typically�to�larger�angles.��

�
Figure�  3�5:�Diagram�of� the�bright�field,�annular�dark�field,�and�high�angle�annular�dark�field� functions�of�a�
STEM.�
�
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For�high�angles,�elastic�and�inelastic�interactions�between�the�incident�electrons�and�

the� columns� of� atoms� within� the� specimen� produce� image� contrast.� Since� inelastic�

scattering�depends�on�the�number�of�electrons�in�an�atom,�the�strength�of�scattering�

varies� with� atomic� number� (Z�contrast).� The� signal� is� typically� collected,� amplified,�

and�converted�to�gray�levels.�Certain�atoms�within�the�electron�transparent�region�of�

the�specimen�will�appear�brighter�than�others.�As�a�result,�it�is�possible�to�distinguish�

between�different�elements�(Figure� 3�5).�In�a�high�resolution�HAADF�image,�brighter�

spots�represent�the�heavier�atomic�elements�while�the�less�intense�spots�indicate�the�

lighter�atomic�elements�[93�97].��

�

3.6.1. Preparation�of�thin�foils�
�
Discs� of� 1.0� mm� thickness� were� cut� from� creep� specimens� with� the� help� of� an� oil�

cooled�carborundum�slitting�wheel.�The�discs�were�then�thinned�down�to�0.08�mm�by�

abrasion� on� wet� 1200� grade� silicon� carbide� paper.� This� thinning� of� the� specimen� is�

considered� essential� to� reduce� its� magnetic� mass,� thereby� minimizing� magnetic�

aberrations�in�the�electron�microscope�[98].�The�discs�were�twin�jet�electropolished�

in� a�TenuPol�5� (Struers)�using� a� solution� of� 5%� perchloric� acid� and� 95%�acetic� acid.�

Electro�polishing�was�performed�at�58V�and�at�15°C.�After�electro�polishing,�the�thin�

foils� were� carefully� cleaned� in� methanol� and� then� dried.� The� foils� were� then�

immediately�examined�to�minimize�oxidation�and�contamination.�

3.6.2. Image�analysis��
�
Significant�numbers�of�precipitates�were�examined�in�each�material�state�to�make�a�

statistical� relevant� analysis.� Z�contrast� together� with� diffraction� contrast� in� the�

HAADF�STEM�images�clearly�highlights�the�precipitates�which�have�different�chemical�

composition�than�the�matrix.�These�precipitates�are�usually�rich�in�heavier�elements�

like� Chromium� and� Molybdenum;� therefore,� they� appear� brighter� than� the�

surrounding� matrix.� The� contrast� in� HAADF�images� (camera� length� 300� mm)� is� not�

contributed� only� to� the� z�contrast,� while� other� features� like� specimen� thickness,�
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crystallographic� orientation,� can� contribute� to� the� contrast� in� the� HAADF�STEM�

images� (Figure�  3�6a).� From� all� the� bright� spots� in� the� HAADF�STEM� images� energy�

dispersive�X�ray� (EDX)�spectroscopy�was�performed�for�at� least�10�second.�The�EDX�

spectroscopy�reveals�the�type�of�precipitate�accurately.�Table� 3�4�shows�the�number�

of�precipitates�studied�in�the�current�investigation.�

�

Table�3�4:�Number�of�investigated�particles�in�each�specimen�using�TEM�and�STEM�micrographs.�
�

Specimen� Time�(h)� M23C6� VX� Laves�phase�
As�received� ���� 184� 105� ����

L1� 12456� 315� 214� 119�
L2� 51072� 309� 119� 189�
L3� 81984� 113� 163� 255�

L4�rupture� 139971� 395� 71� 90�
Total� 1316� 672� 653�

�

Most� of� the� particles,� especially� M23C6� carbides,� are� overlapped� in� the� images.� The�

automatic�image�analyzer�software�may�recognize�them�as�one�particle�and�increase�

the� error� in� the� measurements.� To� prevent� significant� error� using� image� analyzer�

software,� the�primitive�of�each� particle� is�drawn�manually�on� the� transparent� layer�

above�HAADF�STEM�images,�Figure�  3�6b.�The�characteristic�parameters�of�each�kind�

of� precipitates� were� calculated� using� a� transparent� layer� (Figure�  3�6c).� Figure�  3�7�

schematically�illustrates�the�stereological�assessment.��

�
Figure�3�6:�Procedure�to�identify�and�evaluate�the�precipitates�in�HAADF—STEM�images.�



Materials�and�methods�
�

�

33

The� square� sampling� field� of� area� s2� in� Figure�  3�7� contains� 5� particle� projections� of�

different� sizes� and� shapes.� We� retrieve� the� following� particle� parameters� from� the�

TEM�analysis�of�precipitates:�

(i)�The�number�density��n�as�5/s2.��

(ii)� We� measure� a� mean� particle� diameter,� d ,� by� determining� the� minimum� mind �

(particle� 2� in� Figure�  3�7)� and� maximum� maxd � (particle� 3� in� Figure�  3�7)� projected�

diameters�of�all�particles.�The�mean�value� d �and�the�corresponding�mean�deviation�

d� of�this�mean�value�are:�

� �min, max,
1 1

1 2 1
n n

i i i
i i

d n d d n d
� �

� �� � 	 � �� �  �� (3.1)�

1

1
n

i
i

d n d d
�

� � � � � (3.2)�

Particle� sizes� in� tempered� martensite� ferritic� steels� are� typically� widely� distributed�

that�results�in�large�error�bars� d� .�

(iii)�A�projected�area�fraction� Af �was�obtained�by�dividing�the�sum�of�the�projected�

areas� iA �of�the�particles�(see�particle�4�in�Figure� 3�7)�by�the�area�of�the�sampling�field�

s2:�

2

1
:

n

A i
i

f A s
�

� �� � �
� �
 � (3.3)�

�
Figure� 3�7:� Schematic� figure� illustrating� the� parameters�which�were� retrieved� from� the� TEM�micrographs:�
particle�size,�number�density�and�projected�area�fraction.�
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4. Results�
�

4.1. Creep�data�
�

Figure� 4�1�illustrate�the�creep�data�of�interrupted�creep�specimens�at�823�K�and�120�

MPa�(Table� 3�2).�It�shows�how�the�creep�strain�increases�with�the�logarithm�of�time�in�

hours.�The�interruption�time�of�each�material�state�is�pointed�out�on�the�creep�data�

with�arrows.� It� is� important�to�mention�that� less�than�2%�strain�accumulated�within�

100000�hours�in�the�ruptured�specimen.�The�strong�increase�of�creep�strain�(11.9%)�

in�the�final�stages�of�the�creep�test�is�partially�resulting�of�local�deformation�known�as�

necking.� Figure�  4�2� shows� the� logarithm� of� creep� rate� as� the� logarithm� of� time� (in�

hours).� The� arrows� on� the� creep� data� represent� the� interruption� time� of� the� creep�

experiments.�The�minimum�creep�rate�for�crept�specimen�is� 11 15 10 s� �! and�it�reaches�

after�around�20000�hours.�Figure� 4�3�shows�the�creep�rate�as�a�function�of�strain�for�

the� experiment� carried� out� to� the� rupture.� The� minimum� creep� rate� is� established�

after�around�1%�strain.�The�creep�parameters�for�X20CrM0V12�1�steel�at�823�K�and�

120�MPa�are�summarized�as�following:�

�

�

Minimum�creep�rate� � � 11 1
min 5 10 s� � �!� � �

Strain�at�minimum�creep�rate�� �
min

1%�� � � �

Time�at�minimum�creep�rate�� �
min

20000t hours�� � �

Time�of�rupture�� � � � 139971Rt hours� �

Strain�of�rupture�� � � � 11.9%R� � �
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�
Figure�4�1:�Diagram�of�strain�vs.�logarithm�of�time�of�specimens�with�0.5,�1.0,�and�1.6%�strain�and�ruptured�
specimen.��

�

�
Figure�4�2:�Logarithm�of�creep�rate�vs.�logarithm�of�time�at�823�K�for�specimens�0.5,�1.0,�1.6�and�11.9%�strain.�
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�
Figure�4�3:�logarithm�of�creep�rate�vs.�strain�for�the�ruptured�specimen�at�823�K�and�120�MPa�after�139971�
hours.�

�

4.2. Creep�cavities�and�inclusions�
�

Figure�  4�4,�4�5�and�4�6�show�the�back�scattered�micrographs�of� the�ruptured�creep�

specimens� after� 139971� hours.� The� micrographs� represent� one� former� austenite�

grain� boundary� in� three� magnifications.� The� white� squares� indicate� the� position� of�

the�image�at�the�higher�magnifications�in�the�subsequent�figure.�The�white�arrows�in�

Figure�  4�4�point�out�the�former�austenite�grain�boundaries�and�the�direction�of�the�

applied� stress� is� shown� with� black� arrows.� The� number� of� creep� cavities� on� the�

former� austenite� grain� boundaries� perpendicular� to� the� stress� direction� are�

significantly�higher�than�the�boundaries�parallel�to�the�stress�direction.�

�
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�
Figure�4�4:� SEM�back�scattered�micrograph�of� the� ruptured� specimen�at�823�K�and�120�MPa�after�139971�
hours;� white� square� is� represented� the� region� of� interest;� Arrows� show� the� former� austenite� grain�
boundaries.�

�

�
Figure� 4�5:� SEM� back�scattered� micrograph� of� the� pointed� out� region� in� Figure� 4�4;� white� square� is�
represented�the�position�of�the�magnified�image�in�Figure�4�6.�
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�
Figure�4�6:� SEM�back�scattered�micrograph�of� the�pointed�out� region� in� Figure� 4�5;� the� creep� cavities� are�
visible�on�the�former�austenite�boundary�perpendicular�to�the�stress�direction.�

�
�

Figure�  4�7a�shows�a�micrograph�of�a�polished�specimen�before�creep�testing� (initial�

material�state).�Elongated�micro�pores�are�visible�in�the�longitudinal�direction�of�the�

pipe.� Figure�  4�7b� is� a� back�scattered� SEM� image� of� one� of� the� micro�pores� in�

centrifugal�direction�of� the�pipe�(see�Figure�  3�1).�The�EDX�spectrums�of� the�particle�

inside� the�micro�pore�and� the�surrounding�matrix�are�shown� in�Figure�  4�7� (1�and�2�

respectively).�
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Indexing� the� chemical� elements� in� both� spectrums� reveals� that� the� particle� inside�

micro�pores� is� of� the� type� of� MnS� inclusions.� These� inclusions� are� soft� at� elevated�

temperature� and� can� elongate� during� mechanical� forming� process� like� rolling� as�

shown�in�Figure� 4�7a.�

�

�
Figure�4�7:�a)�Elongated� inclusion�after�hot� rolling� in�as� received�specimen� in� longitude�direction,�b)�back�
scattered� image� of� a� micro�pore� in� centrifugal� direction;� 1,� 2)� EDX� spectrum� of� particle� inside� pore� and�
surrounding,�respectively.�
�
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4.3. Evolution�of�hardness�
�
Figure� 4�8�shows�how�the�microhardness�HV0.3�evolves�during�long�term�creep�there�

is� a� continuous� decrease� of� hardness� during� long�term� creep.� The� initial� material�

state,�aging�(thread)�and�creep�(gage)�are�indicated�in�Figure� 4�8�by�different�symbols.�

Under�creep�conditions,�hardness�values�decreases�from�262�HV0.3�in�the�initial�state�

to�222�HV0.3� in�the�specimen�after�rupture.� In�contrast,�the�hardness�values�during�

aging�show�only�small�decrease�from�262�HV0.3�to�252�HV0.3�after�51072�hours�and�

remain�constant.��

�

�
Figure� 4�8:�Hardness�evolution�in�gage�portion�(creep)�and�thread�portion�(aging)�at�823�K.�
�



Results�
�

�

41

4.4. Evolution�of�subgrain�
�
Figure�  4�9� represent� a� montage� of� 16� bright�field� TEM� images� from� initial� material�

state� which� provides� an� overview� of� the� microstructure� of� tempered� martensite�

ferritic� steel.� The� white� square� in� Figure�  4�9� indicates� the� position� of� Figure�  4�10.�

Figure� 4�10�clearly�shows�the�microstructural�features�like�subgrains,�precipitates�and�

dislocations.� The� internal� interfaces� are� decorated� by� relatively� large� precipitates,�

while�fine�precipitates�distribute�inside�the�subgrains.�

�

Figure�  4�11� shows� an� SEM� back�scattered� micrograph� of� a� specimen� from� initial�

material� state.� Subgrains� in� tempered� martensite� ferritic� steels� have� elongated�

shapes�with�a�form�factor�of�about�2�[1,�89].�These�grains�can�intersect�the�surface�of�

an�SEM�specimen�in�different�angles,�giving�rise�to�different�apparent�shapes� in�the�

resulting� 2D� intersections.� Therefore� one� can� observe� appearances� changing� from�

circles� to� ellipsoids.� However,� the� smallest� diameters� of� these� sections� always�

represent� the� widths� of� the� elongated� subgrains.� Therefore� the� smallest� diameters�

are�used�to�characterize�subgrain�sizes.�For�each�material�state,�regions�with�parallel�

subgrains�were� identified�to�position�a�reference� line�perpendicular�to�the�direction�

of� the� elongated� subgrains.� Figure�  4�11� shows� 5� reference� lines� which� intersect�

subgrain�boundaries.��

�

The� resulting� subgrain� widths� sg� � are� reported� as� mean� values� from� all�

measurements�together�with�the�mean�deviations�from�these�mean�values���.�Figure�

 4�12�shows�the�evolution�of�subgrain�widths�as�determined�using�the�line�intersection�

method.�
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�
Figure� 4�9:� A�montage� of� 16� TEM�bright�field� images;� the� position� of� Figure� 4�10� is� pointed� out� by�white�
square.��

�
Figure�4�10:�Bright�field�TEM�image�from�ruptured�specimen�at�823�K�under�120�MPa.�

� �
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�
Figure�4�11:�Subgrain�width�measurement�in�SEM�images�of�X20CrMoV12�1�steel�(initial�state).�

�

�
Figure�4�12:�Subgrain�evolution� in�creep� (under�external�stress)�and� in�aging� (without�stress)�specimens�of�
X20CrMoV12�1�steel.�
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As� can� be� seen� from� Figure�  4�12,� coarsening� of� the� subgrains� requires� stress� and�

strain.�Under�creep�conditions�(full�squares�in�Figure� 4�12)�there�is�a�steady�increase�

of�subgrain�width�from�0.70�μm�(initial�state)�to�1.07�μm�(after�rupture).�In�contrast,�

the�increase�of�subgrain�widths�during�long�term�aging�(full�triangles�in�Figure� 4�12)�is�

small.� After� 139971� hours,� a� subgrain� width� of� 0.73� μm� is� obtained� from� the�

specimen� thread� of� the� ruptured� creep� specimen.� Using� the� values� of� b=0.25� nm,�

G=62�GPa�at�823�K�[16],�the�subgrain�back�stress� in� initial�state�is��=221.4�MPa�and�

after�creep�this�value�reduces�to��=144.8�MPa.�Table� 4�1�shows�reduction�of�subgrain�

strengthening�during�creep.�

�

Table�4�1:�Effect�of�subgrain�evolution�on�the�subgrain�back�stress.�
�

Time�(h)� as�received� 12456� 51072� 81984� 139971�

sg� (μm)� 0.70� 0.73� 0.75� 0.87� 1.07�

sg
 (MPa)� 221.4� 212.3� 206.6� 178.1� 144.8�

�

4.5. Evolution�of�misorientation�
�
300�x�300�μm2�of�the�surface�was�analyzed�using�EBSD�method�with�100�nm�step�size�

and�an�angular�resolution�of�0.5°.�The�parameters�of�EBSD�measurements�are�given�in�

Table�  3�3.� Figure�  4�14,� 4�14� and� 4�15� illustrate� the� inverse� pole� figures� (IPF)� and�

image�quality� (IQ)�of�the�as�received,�aged�and�creep�specimens.�Different�colors� in�

the� figures� represent�different�orientations� in� the�standard� triangle.�Since�all� colors�

appear�in�similar�frequencies,�none�of�material�states�(initial,�aging�and�creep�states)�

exhibit�a� strong� texture.� In� the�present�work� the� tilt�axis/tilt�angle�pair�approach� is�

used�to�describe�the�misorientations�between�crystallites�[92,�99].��

� �
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Figure�  4�13� shows� the� relative� frequency� of� all� detected� misorientation� angles� (�).�

The� relative� frequency� of� the� misorientation� angles� divided� to� low� and� high� angle�

boundaries�using�traditional�terminology.�Low�angle�grain�boundaries�are�those�with�

a� misorientation� angles� less� than� about� 15� degrees.� In� comparison,� the� high� angle�

grain�boundaries�have�misorientation�angles�greater�than�about�15�degrees.�There�is�

a�maximum�in�the�smallest�size�class�which�indicates�that�many�of�the�boundaries�of�

subgrains�represent�small�angle�boundaries.�Another�maximum�is�observed�close�to�

60°� which� probably� is� related� to� twinning� processes� during� the� formation� of�

martensite.� This� is� not� considered� further� in� the� present� study.� However,� it� is�

important� to� highlight� that� the� majority� of� subgrain� boundaries� consists� of� small�

angle� boundaries.� Figure�  4�17� clearly� indicates� that� the� frequency� of� low� angle�

boundaries� increases� during� creep,� while� it� remains� unaffected� by� long�term� aging.�

The� frequency� of� high� angle� boundaries,� represented� by� 60°� boundaries� in� Figure�

 4�18�remains�constant�during�long�term�aging�and�creep.�

�

�
Figure�4�13:�Relative�frequency�of�misorientation�angles�in�X20CrMoV12�1steel.�Angles�below�15�degree�are�
defined�as�low�angle�boundaries�and�above�15�degree�as�high�angle�boundaries��
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�
Figure�4�14:�Electron�back�scattered�diffraction�pattern�(EBSD)�of�as�received�specimen,�a)�Image�quality�(IQ),�
b)�inverse�pole�figure�(IPF).�
�

�
Figure�4�15:�Electron�back�scattered�diffraction�pattern�(EBSD)�of�thread�portion�(aging)�at�823�K;�a)� Image�
quality�(IQ),�b)�inverse�pole�figure�(IPF).�
�

�
Figure�4�16:�Electron�back�scattered�diffraction�pattern�(EBSD)�of�gage�portion�(creep)�at�823�K�and�120�MPa;�
a)�Image�quality�(IQ),�b)�inverse�pole�figure�(IPF).�
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�
Figure�4�17:�Evolution�of�one�degree�misorientation�angle�in�creep�and�aging�specimens�at�823�K.�
�

�
Figure�4�18:�Relative�frequency�oh�high�angle�misorientation�(60�degree)�in�creep�and�aging�specimens.
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Figure� 4�19�represents�the�relative�frequency�of�misorientation�angles�in�the�range�of�

0.5� to� 5� degrees.� There� is� no� significant� variation� between� as�received� and� aging�

(without�external�applied�stress)�specimens.�Compare�to�the�initial�and�aging�material�

states,� the� creep� specimen� has� relatively� higher� frequency� of� boundaries� below� 1�

degree� than� other� two� material� states� in� expense� of� higher� angle� boundaries.� This�

shows�that�external�applied�stress�affect�the�misorientation�of�low�angle�boundaries.�

�
�

�
Figure�4�19:�Relative�frequency�of�low�angles�misorientation�in�as�received,�aging�and�creep�specimens.�
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4.6. Evolution�of�dislocations�density�
�

The�density�of� free�dislocations���was�evaluated�by�means�of�classical�procedure�of�

intersection�of�grid�lines�with�the�dislocation�lines�and�by�application�of�the�following�

equation�[93,�100,�101]:�

1 v h

v h

n n
t L L

�
� �

� 	� �� �
� �

  
  

� � (4.1)�

where� t� is� the� foil� thickness,�nv� and�nh� are� number� of� intersections� of� vertical� and�

horizontal�grid�lines�with�dislocation�network�and�	�Lv�,	�Lh�are�total�length�of�vertical�

and� horizontal� grid� lines,� respectively.� For� foil� thicknesses� up� to� approximately� 170�

nm� the� foil� was� often� bent� due� to� high� internal� stresses� and� it�was� not� possible� to�

obtain� an� image� of� sufficient� quality.� On� the� other� side� in� case� of� foil� thicknesses�

thicker�than�230�nm�the�image�was�too�dark�due�to�high�frequency�of�many�features�

in� severely� deformed� microstructure� and� also� the� focusing� of� image� was� not� good�

enough� due� to� the� stronger� magnetic� influence.� Therefore� the� foil� thickness� is�

supposed� to�be� in� the� range�170�nm�–�230�nm,�otherwise� (200�±�30)�nm.�For�each�

material� state� 10�13� micrographs� were� evaluated� and� on� each� micrograph� 1�3�

micrograins�were�adjusted� in� two�beam�condition�and�evaluated.�The�results� for�all�

states�are�presented�on�Figure� 4�23.�

�

Figure�  4�20� shows� the� microstructure� of� material� after� tempering� at� temperature�

1023K�for�2�hours.�During�tempering�the�recovery�processes�take�place�in�dislocation�

substructure� and� due� to� this� fact� the� dislocation� substructure� becomes�

heterogeneous� character� (there� are� places� with� high� dislocation� density� and� places�

with� low� dislocation� density)� and� new� subgrain� boundaries� are� emerging� inside� of�

micrograins�(Figure�  4�20).�The�average�density�of�free�dislocation�is�10.16�x�1013�m�2�

(Figure� 4�23).�
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�
Figure� 4�20:� HAADF� STEM� micrograph� showing� dislocations� in� the� initial� material� (prior� to� temperature�
exposure�and�creep).�
�

�
Figure� 4�21:� Set� of� 4� HAADF� STEM�micrographs� showing� the� evolution� of� the� density� of� free� dislocations�
during�long�term�aging.�(a)�12456�h�/�823�K;�(b)�51072�h�/�823�K;�(c)�81984�h�/�823�K;�(d)�139971�h�/�823�K.�
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Negligible�loading�and�no�significant�strain�accumulation�are�occurring�in�the�threads�

during�the�creep�tests.�These�threads�are�exposed�to�the�temperature�of�creep�test�

for�time�of�duration�of�creep�test.�That�means�that�only�the�thermal�exposure�could�

influence�the�evolution�of�dislocation�substructure� in�the�threads�during�creep�test.�

Figure�  4�21� shows� the� HAADF�STEM� images� for� all� thread� states.� The� subgrain�

boundaries� are� occurring� inside� of� micrograins� and� also� the� heterogeneity� of�

dislocations�is�observed.�The�density�of�free�dislocations�is�5x1013m�2�for�all�states�of�

threads�(Figure� 4�23).��

�

Figure� 4�22�shows�the�HAADF�STEM�images�of�crept�states.�The�subgrain�boundaries�

are� observed� inside� of� micrograins� and� they� are� very� good� pronounced.� The�

dislocation� substructure� has� again� the� heterogeneity� character� with� remarkable�

higher� area� which� is� free� of� dislocations.� The� density� of� free� dislocations� is�

1.16x1013m�2� in�the�crept�specimen�after� long�term�creep�for�12456�hours�and�goes�

asymptotic� down� to� the� value� 0.68x1013m�2� in� the� crept� specimen� after� long�term�

creep� for� 139971� hours.� The� average� dislocation� density� decreases� with� increasing�

time�of�creep�test�and�asymptotic�comes�near�to�the�steady�state�value�of�dislocation�

density,� but� the� steady� state� value� is� not� reached� either� in� the� ruptured� specimen�

(Figure� 4�23).��
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�
Figure� 4�22:� Set� of� 4� HAADF� STEM�micrographs� showing� the� evolution� of� the� density� of� free� dislocations�
during� long�term� creep� (a)� 12456� h/823� K/120�MPa;� (b)� 51072� h/823� K/120�MPa;� (c)� 81984� h/823� K/120�
MPa;�and�after�rupture�(d)�139971�h/823�K/120�MPa.�
�

�
Figure�4�23:�Quantitative�metallographic� results� on�dislocation�densities� in� the� initial�material,� after� long�
term�aging�and�long�term�creep.�
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4.7. Identification�of�precipitates�

4.7.1. M23C6�carbides�
�
Figure�  4�24a,� b� illustrate� the� bright�field� TEM� micrograph� and� corresponding� STEM�

HAADF� image� of� an� M23C6� carbide� on� the� subgrain� boundary� in� the� initial� material�

state.�Figure� 4�24c�shows�the�selected�area�diffraction�(SAD)�pattern�of�the�carbide�in�

[123]�direction.�

�
Figure�  4�24:� a)� Bright�field� TEM,� b)� STEM�HAADF� image,� c)� selected� area� diffraction� (SAD)� pattern� of� the�
carbide�and�d)�energy�dispersive�X�ray�(EDX)�chemical�analysis�of�the�M23C6�carbide.�
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The�indexed�pattern�reveals�that�the�carbide�has�an�fcc�crystallography�structure.�The�

EDX� chemical� composition� of� the� carbide� is� shown� in� Figure�  4�24d.� A� Cr�rich�

(Cr,Fe)23C6�carbide�can�be�identified�with�a�trace�of�other�elements�like�Mo.�

4.7.2. VX�carbides�
�
Figure�  4�25a,� b� show� the� bright�field� and� HAADF� STEM� micrographs� of� a� tiny�

precipitate,�respectively.��

�
Figure� 4�25:� a)� Bright�field� TEM,� b)� STEM� HAADF� image,� c)� convergent� beam� electron� diffraction� (CBED)�
pattern,�d)�energy�dispersive�X�ray�(EDX)�chemical�analysis�of�the�VX�carbide.�
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The�mean�diameter�of�this�type�of�precipitates�is�approximately�70�nm.�The�selected�

area�diffraction�(SAD)�pattern�of�the�precipitate�results�in�a�mixed�pattern�of�matrix�

and�precipitate.�Therefore,�the�convergent�beam�electron�diffraction�(CBED)�method�

was�used� to� identify� the�crystallographic� structure.�Figure�  4�25c� shows� the� indexed�

CBED�pattern�of�the�fcc�structure�in�[112]�direction.�The�energy�dispersive�X�ray�(EDX)�

spectrum� shows� a� high� Vanadium� (V)� content� in� the� precipitate� (Figure�  4�25d).� A�

combination�of�EDX�chemical�analysis�and�diffraction�patterns�is�used�to�identify�the�

precipitate�as�VX�carbide.�

�

4.7.3. Identification�of�the�Laves�phase�
�
The�method�which�was�employed�to�identify�this�type�of�precipitate�was�the�same�as�

that�used� for� the�M23C6�carbide.�Figure�  4�26a,�b�represent�the�bright�field�TEM�and�

HAADF� STEM� micrographs� of� a� Laves� phase� particle,� respectively.� This� type� of�

precipitate�is�relatively�larger�than�M23C6�and�VX�carbides.�The�size�of�the�Laves�phase�

particles� is� in� the� range� of� 400� nm.� The� indexed� SAD� pattern� in� [100]� direction,� as�

shown� in� Figure�  4�26c,� exhibits� a� hexagonal� crystallographic� structure.� The� EDX�

chemical� analysis� reveals� the� enrichment� of� Mo� and� Fe� in� the� Laves� phase� (Figure�

 4�26d).�

�

This�precipitate�is�identified�as�Mo�rich�Laves�phase�with�Fe2Mo�chemical�formula.�It�

should� be� also� noted� that� other� elements� like� Si,� P� and� Cr� are� present� and� play�

important� roles� in� the� formation� and� growth� of� the� Laves� phase� particles.� For�

quantification� of� Laves� phase� precipitates,� a� series� of� HAADF� STEM� images� were�

analyzed.�

�
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�
Figure� 4�26:� a)� Bright�field� TEM,� b)� STEM�HAADF� image,� c)� selected� area� diffraction� (SAD),� and� d)� energy�
dispersive�X�ray�(EDX)�chemical�analysis�of�the�Laves�phase.�

�

�

Figure� 4�27�shows�an�example�of�HAADF�STEM�image�used�to�detect�the�Laves�phase�

precipitates.� Laves� phase� precipitates� are� rich� in� heavy� elements� like� Molybdenum.�

Therefore,� these� particles� appear� brighter� than� other� precipitates.� This� method� is�

applied� just� to� detect� the� Laves� phase� particles.� For� particle� identification� EDX�

analysis�from�each�bright�spot�is�performed.�



Results�
�

�

57

�
Figure� 4�27:� A� montage� of� HAADF� STEM� images� of� the� X20CrMoV12�1� steel� after� 139971� hours� creep�
exposure� at� 823� K� and� 120� MPa.� The� Laves� phase� precipitates� are� brighter� than� other� precipitates� and�
pointed�out�with�arrows.�

�

4.8. Evolution�of�precipitate�parameters�
�

Figure�  4�28� illustrate� the� projected� area� fraction� of� all� precipitates� in� the�

X20CrMoV12�1�steel.�Projected�area�fraction�of�M23C6�and�VX�carbides�stay�constant�

during�long�term�creep.�The�measurements�yield�projected�area�fraction�close�to�9%�

for�M23C6�carbides�and�close� to�0.5%� for�VX.�No�Laves�phase�could�be� found� in� the�

initial� material� state� specimens.� The� projected� area� fraction� of� Laves�phase� linearly�

increases�from�0.25%�at�12456�hours�to�1.3%�after�139971�hours.�The�design�of�this�

kind�of�steel�is�based�on�the�subgrain�strengthening�by�M23C6�carbides,�therefore�the�

projected�area�fraction�of�M23C6�carbides�is�significantly�higher�than�that�of�the�two�

other�precipitates.�

�
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�
Figure�4�28:�Evolution�of�projected�area�fraction�for�M23C6,�VX�and�Laves�phase�during�creep.�
�

�
Figure�4�29:�Evolution�of�number�density�for�M23C6,�VX�and�Laves�phase�during�creep.�
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Figure�  4�29�shows�how�the�number�density�of�precipitates�evolves�during�long�term�

creep.� It� shows� that� the� number� density� of� M23C6� is� much� higher� than� the� number�

densities�of�VX�and�Laves�phase�particles.�It�steadily�decreases�from�6.5�particles�μm�2�

in�the�initial�material�state�down�to�3.5�particles�μm�2�after�long�term�creep�(139971�

hours� at� 823� K),� while� the� number� density� of� VX� remains� constant� at� about� 1.5�

particles�μm�2�and�that�of�Laves�phase�precipitates�increases�from�0.04�particles�μm�2�

at�12456�hours�to�0.12�particles�μm�2�after�rupture�(139971�hours).�

�

The�data�for�the�mean�particle�diameters�are�shown�in�Figure� 4�30.�The�intermetallic�

Laves�phase�particles�are�significantly�larger�than�the�particles�from�the�two�carbide�

populations.� Their� mean� size� increases� from� 340� nm� after� 12456� hours� to� 440� nm�

after�139971�hours.� It�should�be�noted�that�no�Laves�phase�particles�were�found� in�

the� initial� material� state� and� that� large� Laves�phase� particles� had� already� formed�

after� the� shortest� creep� interruption� specimens� (12456� hours).� In� addition,� it� was�

very� difficult� to� find� Laves�phase� particles� smaller� than� 200� nm� in� all� specimens.�

Figure� 4�30�also�shows�that�the�size�of�the�VX�particles�does�not�change�significantly.�

Their� mean� diameter� is� close� to� 70� nm.� In� Figure�  4�30� only� three� examples� for� the�

widths�of�associated�error�bars�are�shown,�Equation�(3.2).�

�

The�M23C6�particles�slowly�but�steadily�increase�in�size�from�160�nm�to�230�nm.�Figure�

 4�31�shows� the�Ostwald� ripening�of�M23C6�carbide�at� the�constant�volume� fraction.�

This�data�can�be�rationalized�on�the�basis�of�type� � �3 3
0 0d d k t t� 	 � �where�the�kinetic�

constant�obtained�as�1.37x1029�m3s�1.�

�
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�
Figure�4�30:�Evolution�of�mean�diameter�for�M23C6,�VX�and�Laves�phase�during�creep.�

�

�
Figure�4�31:�Ostwald�ripening�of�M23C6�carbides�in�X20CrMoV12�1�steel.�

�
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The�experimental�data�show�that�VX�precipitates�are�stable�in�terms�of�projected�area�

fraction,� number� density.� But� the� Laves�phase� precipitates� never� reach�

thermodynamic� equilibrium.� This� can� be� concluded� from� the� steady� increase� of�

number� densities,� projected� area� fractions� and� mean� diameters� of� Laves�phase�

precipitates�throughout�long�term�creep.��

�

Figure� 4�32� shows� an�HAADF�STEM� image� of� a� crept� specimen� after� 139971� hours.�

Arrows�indicate�the�M23C6�carbides�which�have�loosened�their�contact�to�the�subgrain�

boundaries.�Figure�4�33�presents�the�results�for�the�distance�measurements�between�

particles�and�the�nearest�subgrain�boundaries.�Figure�4�33�shows�that�there�is�a�close�

correlation� between� subgrain� boundaries� and� particles� in� the� initial� material� state.�

During� long�term� creep,� the� frequency� of� particles� which� are� in� direct� contact� with�

subgrain� boundaries� decreases,� while� more� particles� are� found� in� wider� distances�

from�the�boundaries.�

�
Figure�4�32:�HAADF�STEM�image�of�a�crept�specimen�after�139971�hours.�
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�

�
Figure�  4�33:� The� relative� frequency� of� particle�boundary� of� the� initial� state,� after� 51072� hours� and� after�
139971�hours�creep.��
�

4.9. Chemical�evolution�of�precipitates�
�

The�chemical�composition�of�VX�and�the�Laves�phase�do�not�change�during�long�term�

creep.� Figure�  4�34� represents� the� evolution� of� chemical� composition� of� the� Laves�

phase�particles.�Fe,�Mo�and�Cr�are�the�major�elements�in�the�Laves�phase.�In�addition,�

there�is�a�trace�of�Si�and�P�in�the�EDX�spectrum.�There�is�no�significant�fluctuation�in�

the�relative�ratio�of�the�components�during�creep�exposure.��

�

The�M23C6�carbides�show�interesting�behavior.�In�the�current�study�only�the�relative�

amount�of�Fe,�Cr�and�Mo�are�taking�into�account�to�prevent�significant�error�resulting�

from� quantifying� light� elements� like� carbon� using� EDX� method.� Figure�  4�35� shows�

that� the� amount� of� Chromium� increases� in� the� M23C6� carbides� from� about� 56%� to�

72%�up�to�51072�hours�at�the�expense�of�Iron�(Fe).�
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Figure�  4�36�shows� the�slight� increase� in�Mo�content�of�M23C6�carbide�during�creep.�

The� relative� amount� of� Mo� in� the� as�received� specimen� is� about� 3.6%� of� metallic�

elements�(Mo,�Fe,�Cr)�in�M23C6�carbide�and�after�139917�hours�reaches�4.4%�which�is�

very�low�compare�to�the�amount�of�Fe�and�Cr�(22%�and�71%�respectively).�

�

�

�

�
Figure�4�34:�Relative�concentration�of�the�elements�found�in�the�Laves�phase�particles�during�creep�exposure�
at�823�K�and�120�MPa.�

�
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�
Figure�4�35:�Concentration�of�Fe�and�Cr�in�the�metallic�elements�of�M23C6�carbide.�
�

�
Figure�4�36:�Molybdenum�concentration�in�the�metallic�elements�of�M23C6�carbide.�
�
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5. Discussion�
�

5.1. Creep�data�
�

The� present� work� does� not� focus� on� the� long�term� creep� behavior� and� life�

predictions.� However,� it� is� important� to� point� out� that� creep� data� document� the�

strain�time� history� of� the� specimens� investigated� in� the� present� study.� In� addition,�

the� creep� data� obtained� for� creep� specimens� yield� reproducible� results� which� are�

essential�to�investigate�the�evolution�of�microstructure�during�long�term�creep.�

�

5.2. Creep�cavities�and�inclusions�
�

The� focus� of� the� present� study� was� not� on� the� creep� cavitation� and� damage�

accumulation.�However,�SEM�images�presented�in�Figure� 4�4,�4�5�and�4�6�show�clear�

evidence� for� aligned� creep� cavities� on� the� former� austenite� grain� boundaries�

perpendicular� to� the� applied� stress.� In� addition,� it� has� been� shown� that� a� series� of�

SEM� images� can� be� used� to� clearly� represent� the� difference� between� 10μm�

micropores� related� to� the� MnS� inclusions� and� tiny� creep� cavities� aligned� on� the�

former� austenite� grain� boundaries� perpendicular� to� the� applied� stress.� The�

mechanism� of� nucleation� and� growth� of� cavities� on� the� prior� austenite� grain�

boundaries� is� thoroughly� explained� in� the� literatures� [102,� 103,� 104].� Therefore� no�

effort� was� made� to� study� the� mechanisms� of� cavity� nucleation� and� growth� in� the�

present�study.�

5.3. Evolution�of�hardness�
�

The� room� temperature� hardness� of� materials� steadily� decrease� during� long�term�

creep,�while�temperature�exposure�alone�has�a�less�pronounce�effect.�[1,�105,�106].�

The�results�of�current�study�agree�well�with�the�findings�reported�by�other�scientists.�
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Sawada�and�coworkers�[106]�have�suggested�that� in�a�modified�9%�Chromium�steel�

small� softening� in�aged�specimens� is�a� result�of�decrease�of�dislocation�density�and�

precipitation� growth.� However� the� effect� of� boundaries� is� more� pronounce� in�

decrease� of� hardness� in� the� creep� specimens.� In� addition,� the� evolution� of� the�

hardness�values� is� in�good�agreement�with�the�hardness�evolution� law�proposed�by�

Masuyama� [90]� for� a� 9%� Chromium� tempered� martensite� ferritic� steel.� Masuyama�

[90]� proposes� the� following� relation� between� creep� life� fraction� (exposure� time� t�

divided� by� the� rupture� time� tR)� and� the� ratio� of� the� hardness� of� the� crept� material�

state� H� to� the� hardness� of� the� initial� state� (or� aged� material� state)� H0� [90]� after�

extended�creep�periods:�

0(0.98 0.15 )
R

tH H
t

� � � (5.1)�

Figure�  5�1� shows� the� hardness� ratio� as� a� function� of� creep� life� fraction.� Dash� line�

represents�the�Equation�(5.1)�suggested�by�Masuyama�[90].�The�data�of�the�present�

study�fall�very�close�to�this�line�[90],�even�though�a�life�fraction�factor�of�0.13�(instead�

of�0.15)�yields�an�even�better�fit�(solid�line).�

�

5.4. Evolution�of�subgrain�
�

The�data�for�subgrain�widths�in�the�present�study�well�agree�with�the�subgrain�data�

from�previous�works�[30,�37,�38,�39,�54,�107,�108,�109].�A�good�agreement�is�found�

when� comparing� the� results� of� current� study� for� subgrain� widths� with� the�

phenomenological�evolution�law�for�subgrain�sizes�suggested�by�Blum�[30,�107,�109].�

Maruyama� and� coworkers� [82]� and� Hald� and� Korcakova� [27]� applied� the� resulting�

phenomenological� equation� to� the� evolution� of� subgrain� sizes� in� 9�12� %� Chromium�

tempered�martensite�ferritic�steels.�

�

� �
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�
Figure�5�1:�Hardness�ratio�as�a�function�of�creep�life�fraction.�
�

�
Figure�5�2:� Subgrain�width�of� interrupted�as�well� as� ruptured�creep� specimens�of�X20CrMoV12�1�at�823�K�
under�120�MPa�versus�creep�strain�and�calculated�subgrain�width�using�given�formula.�
� �
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Subgrain�sizes���evolve�with�strain:�

0
log

log log log( )exp
k �

�� � � �� �

� �
� 	 �� �� �

� �
� (5.2)�

��is�subgrain�size.��0�is�the�initial�value�of���before�creep�exposure.�� is�defined�as�the�

steady�state�subgrain�size�and�obtained�by�Equation�(5.3)�[82].�

10 bG�

� � � (5.3)�

G�is�the�shear�modulus,�b,�the�Burgers�vector�and��,�the�applied�stress.�For�subgrain�

development,� the� rate� constant� klog�� in� Equation� (5.2)� takes� a� value� close� to� 0.12.�

Equation� (5.2)� has� been� found� to� be� valid� with� the� same� rate� constant� for� a� wide�

range�of�9–12%�Cr�steels.�These�include�the�traditional�X20CrMoV12�1�steel�and�the�

much� more� creep�resistant� new� pipe� steels� P91� and� P92.� Figure�  5�2� compares� the�

calculated�subgrain�size�using�Equation�(5.2)�with�the�experimental�values�from�creep�

testing.� X20CrMoV12�1� steel� represents� one� of� the� early� successful� tempered�

martensite� ferritic� steels.� Its� hardness� and�subgrain� size� evolution� during� long�term�

creep� shows� that� it� is� a� typical� representative� of� the� wider� family� of� 9–12� %� Cr�

tempered� martensite� ferritic� steels.� Equation� (5.2)� suggests� that� subgrain� growth�

requires� strain� and� this� is� in� agreement� with� the� results� presented� in� Figure�  4�12,�

where�subgrain�sizes�increase�during�long�term�creep�while�they�are�not�affected�by�

long�term�aging.�The�results�presented�in�this�study�suggest�that�the�strong�decrease�

in�hardness�during�long�term�creep�(Figure� 4�8)�is�mainly�governed�by�the�increase�of�

subgrain� size.� It� seems� to� be� less� dependent� on� carbide� coarsening,� because� the�

precipitate�dimensions�in�the�material�states�subjected�to�long�term�aging�and�creep�

are�not�very�different�(Table� 5�1).�

�

Eggeler�and�coworkers�[2,�110]�have�investigated�the�same�material�in�the�short�term�

creep�conditions.�They�have�suggested�that�creep�accelerated�particle�coarsening�at�

873�K�and�62�MPa�(resulting�rupture�time:�109380�hours)�is�the�main�reason�for�lower�

hardness�values�in�the�gauge�length�than�in�the�thread�of�creep�specimens�[110]�and�
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there� may� be� a� difference� between� the� microstructural� response� to� 823� K� creep�

testing�and�873�K�creep�exposure.�The�results�of�Eggeler�[110]�were�obtained�from�a�

much�smaller�number�of�particles�(initial�state:�131,�gauge�length:�46�and�thread:�67)�

and� are� therefore� less� reliable� than� the� results� obtained� in� the� present� work.� And�

most� importantly,� in� the� study� of� Eggeler� [110]� no� effort� was� made� to� study� the�

evolution�of�subgrain�sizes.�Therefore,�while�there�seems�to�be�a�small�accelerating�

effect�of�creep�on�coarsening�of�M23C6�in�the�873�K�study�(Table� 5�1),�the�main�factor�

in�microstructural�softening�of�room�temperature�hardness�after�creep�appears�to�be�

the�increase�of�subgrain�size.�

�

Table�  5�1shows� that� there� are� no� significant� differences� in� the� size� and� number�

density�of�all�kinds�of�precipitates�between�gage�and�thread�portions.�In�other�words,�

stress�has�no�significant�effect�on�the�growth�of�precipitates.�

�
Table� 5�1:� Comparison�of� precipitates� in� the� gage� and� thread�portions� at� 823�K� after� 139971�hours� creep�
exposure.�

� average�size�(nm)� volume�fraction�(%)� number�density�

precipitates� M23C6� VX� Laves� M23C6� VX� Laves� M23C6� VX� Laves�

thread� 216±105� 82±35� 396±157 10.79� 0.8� 1.37� 5.2� 2.3� 0.14�

gage� 224±90� 70±40� 423±180 9.2� 0.6� 1.4� 3.41� 1.6� 0.12�

�

This�interpretation�is�in�line�with�previous�work.�This�was�convincingly�demonstrated�

by�an�experiment�by�Kostka�and�coworkers�[101].�These�authors�produced�a�subgrain�

structure�in�a�ferritic�Fe–Cr�alloy�by�severe�plastic�pre�deformation�in�equal�channel�

angular� pressing� followed� by� annealing.� The� initial� subgrain� structure� was� quite�

similar� to� that� of� tempered� martensite,� but� the� lack� of� precipitates� at� the� subgrain�

boundaries� caused� rapid� coarsening� of� the� subgrain� structure� during� creep.� This�

result� clearly� shows� the� essential� effect� of� structural� stabilization� by� particles.� The�

particles� reduce� the� velocity� of� migration� of� the� subgrain� boundaries.� The� subgrain�

structure�in�tempered�martensite�steels�is�therefore�particle�stabilized.�
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The�results�are�also�in�line�with�a�recent�very�careful�assessment�of�microstructure�of�

a�9%�Cr�tempered�martensite�ferritic�steel�(OIM�and�TEM)�in�combination�with�nano�,�

micro��and�macrohardness�measurements�[106],�where�the�strong�decrease�in�room�

temperature� hardness� during� long�term� creep� is� mainly� associated� with� subgrain�

coarsening.�It�was�suggested�[106]�that�the�small�decrease�in�hardness�in�the�thread�

of� the� creep� specimen� (Figure�  4�8)� is� mainly� associated� with� the� decrease� in� the�

density�of�free�dislocations�(at�constant�subgrain�size),�and�this�is�fully�in�line�with�the�

observations� in� the� current� study� and� with� previous� work� on� the� evolution� of�

dislocation�density�during�short�term�creep�[88].��

�

5.5. Evolution�of�low�angle�boundaries�
�

Using�OIM�SEM�[91,�99]� it�has�been�previously� shown�that�during�short�term�creep�

testing,� the� frequency� of� low�angle� boundaries� increases,� and� the� associated� effect�

on� dislocation� density� has� been� discussed� [89].� The� present� work� shows� that� this�

increase�in�the�frequency�of�low�angle�boundaries�is�also�observed�under�conditions�

of� long�term� creep� (Figure�  4�17).� Moreover,� the� results� of� the� distance�

measurements�between�particles�and�the�nearest�subgrain�boundaries�show�that�the�

loss�of�stabilization�(pinning�of�subgrain�boundaries�by�carbides)�which�was�observed�

during�short�term�creep�[1]�can�also�be�detected�after�long�term�creep�(Figure� 4�33).�

�

5.6. Evolution�of�dislocation�density�
�

The�evolution�of�the�density�of�free�dislocations�in�the�aged�material�states�suggests,�

that�about�half�of� the�dislocations� in� the� initial�material� can�easily�annihilate� in� the�

early� stages� of� aging.� The� remaining� dislocations� are� hardly� affected� even� when�

exposed� to� further� long�term� aging.� This� dramatically� changes� when� a� mechanical�

stress� is� superimposed.� During� creep,� the� initial� decrease� of� dislocation� density� is�
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much�more�pronounced.�This�fast�decrease�of�free�dislocation�density�shows�that�this�

process� does� not� rationalize� the� much� slower� decrease� of� room� temperature�

hardness�associated�with�the�crept�material�states.��

�

It�should�be�highlighted�that�the�initial�material�and�the�crept�material�states�show�a�

significantly�higher�scatter�(error�bars�in�Figure� 4�23)�than�the�aged�material�states.�In�

the� absence� of� high� internal� and� external� stresses,� associated� with� the� martensitic�

transformation� and� creep,� similar� dislocation� densities� are� established� in� different�

micrograins� resulting� in� small� local� scatter.� In� contrast,� when� stresses� are� present,�

different� crystallographic� orientations� of� micro� grains� seem� to� strongly� affect�

whether� the�dislocation�density� is�high�or� low�resulting� in�a� large� local� scatter.�The�

long�term� creep� results� in� a� much� higher� decrease� of� dislocation� density� than� the�

decrease�which�was�found�under�short�term�creep�conditions�[88]�(where�dislocation�

densities�decreased�from�a�similar�initial�value�of�3.0x1013m�2�to�2.9x1013m�2�after�52�

h,�126�h,�respectively).�

�

5.7. Stability�of�precipitates�
�

In� the� current� study,� the� creep� strengthening� mechanism� of� 12%Cr� tempered�

martensite� ferritic� steels� has� been� referred� to� as� carbide�stabilized� substructure�

hardening�[88�101,�110].� It�has�been� identified� in�materials�subjected�to�short�term�

creep�and�the�TEM�results�obtained�in�the�present�study�show�that�this�mechanism�

operates�under�long�term�creep�conditions.�The�stabilization�of�subgrain�boundaries�

is�mainly�due�to�the�presence�of�M23C6�carbides�close�to�the�boundaries,�where�they�

exert�Zener�forces�[101].�The�large�Laves�phase�particles�(volume�fractions�between�

0.2%�and�1.3%)�have�no�specific�location�in�the�microstructure�(Figure� 4�27).�They�are�

found�on�prior�austenite�grain�boundaries�as�well�as�in�the�interior�of�prior�austenite�

grains�(Figure� 5�3).��

� �
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�
Figure�5�3:�HAADF�STEM�image�of�ruptured�creep�specimen�after�139971�hours�at�823�K�of�X20CrMoV12�1�
steel.�

�

Their� sizes�are�of� the�same�order�of�magnitude�as� the�sizes�of� small� subgrains.�The�

volume� fraction� of� the� tiny� VX� carbides� is� even� less� than� that� of� the� Laves�phase�

particles.�Their�number�density�is�higher�than�that�of�the�large�Laves�phase�particles.�

The�measurements�for�the�projected�volume�fractions�of�the�three�phases,�M23C6,�VX�

and� Laves�phase,� for� the� material� state� after� long�term� creep� are� used� to� calculate�

the�corresponding�particles�spacings�obtained�from�number�density,�and�associated�

values�of�Orowan�back�stresses�(following�the�procedure�outlined�in�Refs.�[17,�111]):�

� � /b PG b d
 �� � � � � (5.4)�
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Using� �=1,� G=100� GPa� and� b=2
10�10m� (no� more� precise� values� for� this� first� order�

estimate� is�needed)�A�back�stress�of�65�MPa�for�all�particles� is�obtained.�The�M23C6�

particles�account�for�37�MPa,�while�VX�and�Laves�phase�particles�only�contribute�21�

and�7�MPa,� respectively.� If� the�creep�rate� �� �of�12%Cr�tempered�martensite� ferritic�

steel�was�governed�by�a�simple�power�law�of�type�

( )nb� " 
 
� � �� � � (5.5)�

( " ��constant,�n���stress�exponent�>>�1),�and�the�presence�of�particles�simply�resulted�

in�a�back�stress� b
 �which�counteracts�the�applied�stress�
 ,�then�the�M23C6�particles�

would�provide�the�largest�contribution�to�the�materials�creep�resistance�(more�than�

half� of� the� overall� back� stress).� The� contribution� of� the� Laves� phase� particles� is�

comparatively� small.� This� estimate� helps� to� obtain� a� feel� for� how� particle� volume�

fractions� relate� to�creep�resistance.�But�one�must�keep� in�mind� that� this�analysis� is�

limited.�The�creep�rate�in�tempered�martensite�ferritic�steels�is�not�simply�governed�

by�bowing�out�of�individual�dislocations�in�between�isolated�particles.�

Degradation� of� particle� hardening� caused� by� an� increase� in� the� mean� spacing� of�

particles� as� well� as� decrease� of� number� density� is� unavoidable� at� elevated�

temperatures.� It� generally� occurs� by� Ostwald� ripening� of� the� existing� precipitates.�

During�ripening,�the�average�precipitate�volume�increases�linearly�with�time�spent�at�

elevated�temperature�( � �3 3
0 0d d k t t� 	 � ).�

�

By� increasing� the� spacing� of� precipitates,� particle� hardening� and� pinning� effect� for�

subgrain� stabilization� is� retreated.� This� time�dependent� softening� counteracts� the�

work�hardening�in�primary�creep�and�contributes�to�the�increase�of�creep�rate�in�the�

tertiary� stage� of� creep.� Ostwald� ripening� of� the� phase� M23C6� has� been� already�

observed� in� tempered� martensite� steels� [45,� 112].� This� phase� precipitates� on� the�

internal� interfaces,� hardens� the� subgrain� interior� and� provides� a� high� creep�

resistance.� It� coarsens� at� subgrain� boundaries� as� well� as� former� austenite� grain�

boundaries.�The�accompanying�loss�of�precipitation�strengthening�of�subgrains�leads�

to� degradation� of� creep� resistance.� In� the� current� study,� the� k� constant� for� M23C6�
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carbide�during�creep�exposure�at�823�K�is�measured�as� 29 2 11.37 10   m s� �! �which�is�in�a�

good� agreement� with� the� reported� values� [6,� 82].� The� growth� constant,� k,� is�

proportional� to� the� specific� energy� of� the� phase� boundary� of� precipitates� and�

depends�on�the�atoms�forming�the�precipitates.�Atoms�with�a�high�concentration�in�

the� precipitates,� a� low� concentration� and� low� diffusivity� in� the� matrix� are� useful� in�

reducing�k�value�[50].�It�has�been�reported�that�adding�a�small�quantity�of�Boron�to�

the� 9�12%Cr� steel� significantly� increases� the� creep� strength.� Andren� and� coworkers�

[47]�have�shown�that�introducing�a�small�quantity�of�Boron�to�the�alloy�composition�

reduces�k�value�in�Ostwald�ripening�equation�and�postpones�precipitate�coarsening.�

�

5.8. Chemical�evolution�of�precipitates�
�

In� addition� to� the� size� and� number� density� evolution� (Ostwald� ripening)� of� M23C6�

precipitates,� chemistry� of� precipitates� evolves� during� high� temperature� exposure.�

Figure�  4�35� shows� changes� in� the� chemical� composition� of� M23C6� carbides� during�

creep� at� 823� K.� The� chemical� equilibrium� for� M23C6� carbide� reaches� after� almost�

80000�hours�at�823�K�by�increasing�the�Chromium�content�in�the�M23C6�carbides.�The�

diffusion�of�Chromium�and�Molybdenum�from�the�matrix�into�the�precipitate�affects�

the�solid�solution�strengthening�and�degrade�microstructure�of�X20CrMoV12�1�steel�

in�the�long�term�exposure�at�elevated�temperature.��

�

The� equilibrium� conditions� for� M23C6� carbides� have� been� already� reported� using�

experimental� methods� and� thermodynamic� calculations� [113�115].� M23C6� carbides�

nucleate� during� tempering� process� at� 1023� K.� The� chemical� composition� of� M23C6�

carbide� in� the� initial� state� (Figure�  4�35)� is� near� to� the� equilibrium� chemical�

composition�at�1023�K�(750°C).�Therefore�the�chemical�composition�of�M23C6�carbide�

is� not� in� equilibrium� condition� at� 823� K� during� creep.� The� difference� in� chemical�

equilibrium�is�the�driving�force�for�diffusion�of�Chromium�instead�of�Iron�in�the�M23C6�

carbides.��
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�VX� type� of� carbides� also� forms� during� tempering� process.� The� chemistry� and�

crystallography� of� VX� carbides� remains� almost� constant� during� creep� exposure� and�

they�reach�their�equilibrium�conditions�after�tempering.�According�to�low�solubility�of�

Vanadium�at� 823�K� in� the� alpha�iron� [116],� thermodynamically� it� is� not� favorite� for�

the�carbides�to�dissolve�in�the�matrix�which�is�essential�for�Ostwald�ripening�process.�

 

5.9. Laves�phase�nucleation�and�growth�
�

5.9.1. Structure�of�the�Laves�phase�
�

Laves� phases� are� intermetallic� compounds� with� close� packed� structure� of� formula�

AB2.�The�lattice�geometry�requires�that�the�ratio�of�diameter�of�A�atoms�(dA)�to�that�

of�B�atoms� (dB)� should�be� 1.225A Bd d � .�However,� in�examples�of� the�Laves�phase,�

the�ratio�actually�varies�from�about�1.1�to�about�1.6�[23].��

�

To� understand� the� formation� of� the� Laves� phase� in� tempered� martensite� ferritic�

steels,� it� is�necessary�to�precisely� investigate�the�chemical�composition�of�the�Laves�

phase� particles.� Early� work� on� Laves� phase� particles� in� long�term� crept� specimens�

suggests� a� Laves� phase� composition� of� (Fe,Cr)2Mo� [114]� but� EDX� chemical� analysis�

(Figure�  4�26)� reveals� that� the� Laves� phase� particles� in� the� X20CrMoV12�1� steel�

contain�Iron�(Fe)�and�Molybdenum�(Mo)�as�the�major�elements�and�Chromium�(Cr),�

Silicon�(Si)�and�Phosphor�(P)�as�the�minor�elements.�Considering�polyvalent�elements�

the� formula� of� the� Laves� phase� is� near� to� the� (Fe,Cr,Si,P)2Mo.� Equations� (5.6)� and�

(5.7)�show�that�the�ratio�of�Fe�group�elements�(Fe,Cr,Si,P)�to�the�Mo�is�1.12�which�is�

in�a�good�agreement�with�the�reported�values.��

si P Cr Fe
7.07 1.43 11.66 46.99
67.7 67.7 67.7 67.7

d d d d d� 	 	 	 � (5.6)�
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1.12Mod
d
� � (5.7)�

�

As� illustrated� in� Figure�  4�34,� the� chemical� composition� of� the� Laves� phase� particles�

remains� constant� during� creep� exposure� and� all� elements� within� the� alloy� with� a�

stoichiometric�ratio�are�necessary�to�form�the�Laves�phase�particles.�

�

More� recent� results� for� Laves� phase� particles� in� tempered� martensite� ferritic� steels�

highlight� the� importance� of� Silicon� [117�119].� Most� importantly,� Hosoi� et� al.� [120]�

have� shown� that� a� decrease� of� the� Si� content� from� 0.67� to� 0.008� wt.%� strongly�

increases�the�time�required�for�Laves�phase�formation�[120].�In�tempered�martensite�

ferritic� steels� with� neglible� amounts� of� Si,� Laves� phase� could� not� be� detected� [120,�

121].� Therefore,� in� the� current� study,� it� is� assumed� that� the� diffusion� of� Silicon�

controls�the�formation�and�growth�of�the�Laves�phase�particles.�

�

5.9.2. Diffusion�coefficient�of�Silicon�in�the�multi�component�systems�

�

Diffusion�coefficient�of�Silicon�in�a�multi�component�system,�like�X20CrMoV12�1�steel�

is� key� element� to� study� the� formation� and� growth� of� the� Laves� phase.� There� is� no�

experimental�data�for�the�diffusion�coefficient�of�Silicon�in�9�12%Cr�steels;�therefore,�

it� is� necessary� to� calculate� the� diffusion� coefficient� indirectly� in� multi�component�

systems.� It� is� already� known� that� the� diffusion� coefficients� consist� of� two� separate�

parts,�one�purely�thermodynamic�and�one�kinetic.�

The� thermodynamic� factors�are�second�derivatives�of� the�molar�Gibb’s�energy�with�

respect�to�concentration�and�known�if�the�thermodynamic�description�of�the�system�

has�been�evaluated.�Thermodynamic�data�have�been�used�in�order�to�calculate�phase�

diagrams� for�more�than�30�years.�One�method� is� the�calculation�of�phase�diagrams�

(CALPHAD)� method� [122]� established� by� Kaufmann� and� Bernstein� [123]� in� early�

1970s.� In� this� method,� the� Gibbs� energy� of� the� individual� phases� is� modeled� as� a�
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function� of� temperature,� composition,� and� sometimes� pressure.� Having� this�

information,� the� equilibrium� is� simply� calculated� by� an� energy� minimization�

procedure.� Andersson� and� Agren� [124]� suggested� a� similar� method� for� calculating�

kinetic�data.�They�chose�to�represent�the�atomic�mobility�of�the�individual�species�in�

a� multicomponent� solution� phase� as� a� function� of� temperature,� pressure� and�

composition.�It�is�shown�that�for�calculating�the�diffusion�coefficient�of�an�element�in�

a� multi�component� system,� only� the� thermodynamic� and� kinetic� (mobility)� data� of�

pure� species� and� binary� data� for� each� two� species� is� required� [125].� The� diffusion�

coefficient�of�Silicon�in�the�X20CrMoV12�1�steel�(D=9.7x10�21�m2/s)�is�calculated�using�

TCFE6�and�MOB2�databases�in�Thermocalc�[126,�127].�

�

5.9.3. Moving�boundary�solution�

�

An� analytical� diffusion� solution� is� used� to� find� out� the� relation� between� Silicon�

diffusion�and�growth�of�the�Laves�phase�particle.�For�simplicity,�it�was�assumed�that�

all� particles� have� a� spherical� shape,� the� distribution� of� Silicon� in� the� matrix� is�

homogenous,� and� the� diffusion� coefficient� remains� constant� during� the� diffusion�

process.� Only� a� few� analytical� solution� to� the� diffusion� equation� are� available� that�

describe�the�phase�growth�in�which�the�particle�matrix�interface�is�allowed�to�change�

the� position� with� time� and� surrounding� diffusion� field� explicitly� accommodates� the�

interface�motion.�Diffusion�problems�of�this�type�are�classified�as�“moving�boundary”�

problems�[128�130].�Figure� 5�4�shows�schematics�of�moving�boundary�solution�of�the�

second�Fick’s�equation.�

�

The� position� of� the� interface� characteristic� Ks� is� a� key� diffusion� parameter� that�

describes� the� evolution� kinetics� of� one� spherical� particle� caused� by� its� moving�

boundary,�Equation�(5.8).�Ks�specifies�a�fix�relationship�between�the�displacement�of�

the�interface�and�diffusion�time.�
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�

� � � (5.8)�

where�Ks�is�the�position�of�the�interface,�D�is�the�constant�diffusion�coefficient.�R0�and�

Rt�are�the�radius�of�particle�at�the�initial�state�and�at�the�time�t�respectively.�The�value�

of�Ks�depends�only�on�the�dimensionless�saturation�(S)�in�the�matrix.�Equations�(5.9)�

and�(5.10)�show�the�relationship�between�S�and�Ks�where�C�/	�is�the�concentration�of�

diffusing� element� (Silicon)� at� the� surface� of� particle.�C
� is� the� concentration� in� the�

matrix�and�C	/��is�the�concentration�of�diffusant�inside�the�particle.�

/

/ /

C C
S

C C
� "

� " " �

��
�

�
� (5.9)�

� � � �2 22 1 exps s s sS K K K erfc K�� �� �� � � � (5.10)�

By�assuming�that�all�diffused�Silicon�atoms�to�the�particle�are�consumed�to�form�the�

Laves� phase,� the� size� of� particle� depends� on� the� number� of� Silicon� diffused� atoms.�

The� concentration� of� Silicon� in� the� Laves� phase� and� matrix� are� calculated� as� the�

number�of�atoms�per�unit�volume.�The�calculations�were�performed�assuming�C�/	=0.�

3 3
/ 2 10 /C atoms A" �

�� ! �
5 36.8 10 /C atoms A�

� � ! �

�
Figure�5�4:�Model�of�diffusion�of�Silicon�into�the�Laves�phase�particles�from�surrounding�matrix�with�constant�
surface�concentration.�
� �
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�
Figure�5�5:�Growth�of�the�Laves�phase�particles�for�different�boundary�concentration�of�Silicon.�

�

The�results�of�the�calculation�are�shown�as�a�solid�line�in�Figure�  5�5.�In�addition�and�

for�comparison�a�dashed�line�is�shown�which�is�based�on�a�similar�scenario�governed�

by� Mo�diffusion.�Mo� is� an� element� with�a�diffusion�coefficient�which� is� only� a� little�

higher� than� that� of� Si� while� the� Mo�concentration� in� the� matrix� is� higher� (diffusion�

coefficient�of�Mo�is�5.7x10�20�m2/s).�

�

Figure�  5�5� shows� the� increase� of� particle� radius��R� as� a� function� of� growth� time� t.�

Now�the�model�predictions�are�compared�with�measured�particle�sizes�(Figure� 4�30).�

The� input� particle� dimensions� are� based� on� the� average� radii� of� the� 5� biggest�

spherical�Laves�phase�particles�in�each�material�state,�Table� 5�2.��

�



Discussion�
�

�

80

Table�5�2:�Parameters�characterizing�the�population�of�Laves�phase�particles�after�different�periods�of�long�
term�creep�exposure.��n�–�number�density�of�Laves�phase�particles.�R���mean�radius�of�the�five�biggest�Laves�
phase�particles.��
�

time�(h)� 12456� 51072� 81984� 139971�

�n�(μm�2)� 0.04� 0.08� 0.104� 0.124�

R�(μm)� 0.34� 0.54� 0.63� 0.72�

�
However,� the� experimental� R� just� accounts� for� the� final� size� of� the� particles.� R� is�

known�but� R� � is�required�(plotted�on�the�y�axis�of�Figure�  5�5).�tCREEP,� is�the�time�of�

creep�which�is�known�for�all�specimens�but�to�compare�the�experimental�results�with�

the�suggested�modeling�the�time�of�Laves�phase�growth�t�should�be�introduce�to�the�

calculations� (plotted� on� the� x�axis� of� Figure�  5�5).some� logical� assumptions� on� the�

nucleation� time� (tN)� and� nucleus� size� (R0)� provide� basic� information� to� apply� the�

modeling,� because� t=tCREEP�tN� and��R=R�R0.� The� experimental� data� are� presented� in�

four�ways:�

(a)�immediate�nucleation�(tN=0s)�and�a�vanishing�nucleus�sizes�(R0=0nm)�

(b)�immediate�nucleation�(tN=0s)�and�a�very�large�nucleus�sizes�(R0=200nm)�

(c)�late�nucleation�(tN=10000h)�and�a�vanishing�nucleus�sizes�(R0=0nm)�

(d)�late�nucleation�(tN=10000h)�and�a�large�nucleus�sizes�(R0=200nm)��

�
The� rectangular� fields� defined� by� the� four� extreme� conditions� (a)� to� (d)� represent�

uncertainties� in� relating� the� set� of� microscopic� data� to� the� model� predictions.� But�

Figure� 5�5�shows�that�when�particles�sizes�become�very�large�and�times�become�very�

long,�these�large�uncertainties�are�not�so�important�for�the�overall�picture.�The�data�

presented�in�Figure� 5�5�also�show,�that�a�scenario�based�on�Mo�diffusion�as�the�rate�

controlling�growth�mechanism�of�Laves�phase�particles�significantly�over�predicts�the�

observed�growth�rates.�

�
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5.9.4. Remaining�Silicon�in�the�matrix�

�

The�scenario�outlined�in�Figure�  5�5� is�only�valid,�however,�when�the�far� field�matrix�

concentration� of� Si� does� not� change.� Therefore� it� is� necessary� to� obtain� the� Si�

concentration�profiles�between�particles�using�another�procedure�given�by�Glicksman�

[129].�Si�concentration�profiles�can�be�calculated�using�

# $ � � � �/ 1 2,x Lc r t c c c f f�� �� � � �� �� � � � (5.11)�

1f �and� 2f �are�given�by�

� � � �2 2 0
0 01 exp ( ) / ( ) / x

x x

r R
r R r R erfcf � � �

�

�
� � � � �

� �� � �
� �

� (5.12)�

� � � �2 2 0
0 02

( )
exp ( ( ) ) / ( ( ) ) /

R t R
R t R R t R erfcf � � �

�

�
� � � � �

� �� � �
� �

� (5.13)�

In�Equations�(5.12)�and�(5.13),���is�an�abbreviation�for� 4 SiD t� �and�the�dimensionless�

and�normalized�distance�parameter�rx�is�given�by�

, 0x i
i

xr x �
�

� % % � � (5.14)�

�i� is� the� distance� between� two� particles� (from� one� particle/matrix�interface� to� the�

other),� Figure�  5�6a.� It� is� related� to� the� center� to� center� distance� �n� by� �i=�n� �2R,�

Figure�  5�6.�The�center�to�center�distance� is�obtained�from�the�TEM�number�density�

measurements� �n� through� 1n n� �� .� As� input� parameters� for� the� calculations� R0�

defined�as�the�size�of�the�nucleus�and�rx�as�the�distance�parameter�which�is�related�to�

the�number�density�of�particles)�and�the�concentrations�c��and�cL/��(the�same�values�

as� for� the� Si�calculations� in� Figure�  5�5).� The� results� presented� in� Figure�  5�7� only�

indirectly�account�for�the�continuous�nucleation�of�Laves�phase�particles.�Each�c(rx)�

curve�is�calculated�for�the�particle�spacing�which�was�derived�from�the�experimentally�

observed�particle�number�densities�after�the�associated�times�of�creep�exposure,�i.e.�

the� calculations� for� different� times� of� creep� exposures� start� with� different� particle�

spacings.�

�
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�
Figure� 5�6:� Schematic� illustration� of� (a)� the� particle� geometry� and� particle� spacing� and� (b)� the� Si�
concentration�profile�in�between�two�particles.��

�

�

Figure�5�7:�Relative�Si�concentration�( ( )r xc c� )�100%�as�a�function�of�the�dimensionless�distance�parameter�

x ir x �� .�



Discussion�
�

�

83

In� the� calculations� an� initial� particle� size� of� 200� nm� is� assumed� and� the� particle�

spacings�are�given�in�Table� 5�2.�Even�though�the�results�shown�in�Figure� 5�7�are�based�

on� a� number� of� crude� assumptions,� they� that� the� Si� concentration� in� between� the�

particles�decreases,�but�that�even�after�the� longest�exposure�time�of�139971�hours,�

there� is� still� plenty� of� Si� left� to� feed� further� particle� growth.� This� justifies� the� first�

order� assumption� for� obtaining� Figure�  5�6,� where� an� infinite� Si�reservoir� was�

assumed.�The�growth�of�Laves�phase�particles�affects�the�Si�concentration�in�between�

the� particles.� The� experimental� volume� fraction� data� for� the� Laves� phase� fv
Laves� are�

shown� in� Figure�  4�28.� They� can� be� used� to� calculate� the� relative� remaining� silicon�

concentration�in�the�matrix� , , expV rel
Si remc � .�

, , exp , ,
/

V rel V rel V rel Laves
Si rem L Vc c c f�� �� � � � � (5.15)�

Equation� (5.15)� invokes� the� volume� fraction� of� Laves� phase� particles.� Therefore�

concentrations� are� expressed� as� number� of� atoms� per� volume� (

5 10 36.8 10 (10 )Vc atoms m� �
� � � � and� 3 10 3

/ 2.0 10 (10 )V
Lc atoms m�

� �� � ).� Relative�

concentrations� are� calculated� by� normalization� and� multiplying� with� 100%� (e.g.�

� �,
/ / 100%V rel V
L Lc c c� � �� � ).� ,V relc� � is� the� matrix� Si� concentration� prior� to� creep� and�

equals� 100� %.� ,
/
V rel

Lc � � is� the� ratio� of� the� relative� amounts� of� Si� in� Laves� phase� and�

matrix.� It� is� possible� to� compare� the� experimental� value� for� the� remaining� Si�

concentration� in� the� matrix� with� a� calculated� value� , , modV rel
Si remc � � which� is� obtained�

from� the� areas� under� the� concentration� profiles� in� Figure�  5�7.� Table� 3� shows� that�

experimental�and�calculated�values�are�in�good�agreement.�

�

Table� 5�3:� Experimentally� determined� Laves� phase� volume� fractions� fV
Laves.� Experimental� cSi�rem

V,rel,exp� and�
calculated�cSi�rem

V,rel,mod��
�

time�(h)� Laves
V in %f V, rel, exp

Si rem in %c �
V, rel, mod

Si rem in %c �

12456� 0.26� 92� 95�

51072� 0.68� 80� 78�

81984� 0.94� 72� 70�

139971� 1.4� 59� 62�
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6. Conclusions�
�

The� current� study� presents� a� detailed� investigation� on� the� evolution� of�

microstructure� during� long�term� aging� and� creep� of� a� 12%� Cr� tempered� martensite�

ferritic�steel� (creep�conditions:�823K,�120MPa,� rupture� time:�139�971�hours).�Based�

on�the�results,�the�following�conclusions�can�be�drawn:�

�

(i)� The� 12%� Cr� tempered� martensite� ferritic� steel� investigated� in� the� present� work�

(German�grade:�X20)�is�a�member�of�the�wider�family�of�9�–�12�%�Cr�creep�resistant�

steels.�All�steels�from�this�group�show�common�features�like�a�decrease�of�hardness�

and�an�increase�of�subgrain�size�during�long�term�creep.��

�

(ii)�An� increase�of�subgrain�size,�an� increase�of� the�frequency�of� low�angle�subgrain�

boundaries� and� a� decrease� of� carbide� stabilization� of� subgrain� boundaries� in�

tempered� martensite� ferritic� steels� were� observed� in� materials� subjected� to� short�

term� creep� testing.� In� the� present� study� it� is� shown� that� each� of� these� elementary�

deformation�and�softening�processes�operates�under�conditions�of�long�term�creep.�

�

(iii)�After�823K� long�term�creep,�creep�accelerated�particle�coarsening�was� found�to�

be� much� less� pronounced� than� expected� from� the� findings� of� a� previous� study� on�

material�which�was�subjected�to�873�K�long�term�creep.�823�K�long�term�creep�mainly�

affects� subgrain� coarsening.� Subgrains� in� the� gauge� length� of� long�term� creep�

specimens�coarsen�significantly�while�they�only�show�a�minor�increase�in�size�in�the�

undeformed� specimen� threads.� At� 823� K� there� is� only� a� small� additional� effect� of�

particle�coarsening�on�creep�as�compared�to�long�term�aging.�

�

(iv)� The� creep� strength� of� the� material� investigated� in� the� present� study� relies� on�

M23C6� carbides� to� stabilize� the� subgrain� substructure.� The� other� two� precipitate�
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families� (VX� and� Laves� phase)� detected� in� the� present� study� are� less� important�

because�their�number�densities�and�volume�fractions�are�much�smaller.�

�

(v)� The� particle� populations� behave� in� different� ways.� In� the� present� study,� M23C6�

carbides� take� around� 50000� hours� to� establish� their� new� equilibrium� chemical�

composition.�Most�importantly,�their�Cr�and�Mo�content�increases�at�the�expense�of�

their�Fe�concentration.�The�slow�diffusion�of�Cr� in���iron�governs�the�time�required�

for� establishing� chemical� equilibrium.� At� constant� volume� fraction,� M23C6� undergo�

Ostwald�ripening.�M23C6�particles�which�remain� in�contact�with�subgrain�boundaries�

during�long�term�creep�were�frequently�observed�to�be�larger�than�those�which�lost�

contact.� In� contrast,� VX� particles� are� stable� during� long�term� creep.� Their� chemical�

composition� is� constant� and� there� is� no� significant� change� in� volume� fraction� and�

particle�size.��

�

(vi)� In� agreement� with� earlier� work,� the� tempered� martensite� ferritic� steel�

investigated�in�the�present�study�has�a�very�high� initial�dislocation�density�of�1.02�x�

1014m�2
.�This�dislocation�density�decreases�by�a�factor�of�about�2�during�early�thermal�

aging.�Continued�long�term�temperature�exposure�shows�no�additional�effect.��

�

(vii)� Creep� exposure� at� the� same� temperature� has� a� significant� effect� on� the�

microstructure.�The�dislocation�density�decreases�by�almost�one�order�of�magnitude�

down�to�1.16�x�1013m�2�and�dislocation�densities�steadily�decrease�during� long�term�

creep�down�to�0.68�x�1013m�2.��

�

(viii)� Dislocations� are� more� uniformly� distributed� in� the� micrograins� after� long�term�

aging� while� in� the� long�term� creep� specimens� dislocation� density� is� less�

homogeneous.�

�
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(ix)� It� is� well� established� that� Lave� phase� particles� in� the� X20CrMoV12�1� steel� have�

compositions�close�to�(Fe,Cr)2Mo.�As�soon�as�Laves�phase�particles�can�be�detected�

(in�the�present�study�after�12456�hours)�their�average�chemical�composition�is�close�

to�12at.�%�Cr,�32at.�%�Mo,�45at.�%�Fe,�7at.�%�Si�and�1at.%�P.�This�composition�does�

not� change� during� long�term� aging� and� creep.� Most� importantly,� even� under�

conditions� of� long�term� creep� the� Laves� phase� in� the� material� of� the� current� study�

does� not� reach� thermodynamic� equilibrium.� The� number� density� and� size� of� Laves�

phase�particles�and�their�volume�fraction�steadily� increases.�The�slow�diffusion�of�Si�

towards� widely� spaced� Laves� phase� particles� which� governs� its� slow� evolution�

towards� thermodynamic� equilibrium.� The� results� suggest� that� Si�must� be� moreover�

incorporated� into� the� growing� Laves� phase� particles� and� therefore� diffusion� of� Si�

towards�the�Laves�phase�particles�is�critical.�

�
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March�–�April�2007� Basic�concepts�in�materials�science*�

October�2006� Deposition�and�properties�of�thin�films�and�self�organized�monolayer�

*�Top�15%�of�all�students�participating�in�the�exam�

�

SUMMER�SCHOOLS�AND�WORKSHOPS�
�
April�2009� “P23/T23�� Fabrication,� Welding,� Heat�treatment,� Oxidation,� Life�

Assessment�and�Plant�Experience”,�Zürich,�Switzerland�
�

October�2008� “Alloy� Development� for� Critical� Components� of� Environmentally�
friendly�Power�Plants”,�Lanzarote,�Spain�

�

February�2007� EBSD�Course�at�AMETEK�in�Wiesbaden,�Germany�
�

September�2006� “Japanese�South�African�German�Workshop�and�Summer�School“,�Bad�
Berneck,�Germany�

�
TECHNICAL�TRAINING�
�
July�–�August�2000� Electroplating�of�automobile�components,�Zanbagh�Industrial�Group,�

Karaj,�Iran�
August�1999� �Die�casting,�Behrizan�Sanat�Co.,�Iran�
July�–�August�1998� �Hot�rolling�of�structural�steels,�Noshahr�Navard,�Iran�








